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 1 
Abstract 
Sub-micron thickness metallic thin films are known to exhibit mechanical size 
effects, where the thin film mechanical behavior can differ significantly from that of a 
bulk version of the same material. One such mechanical behavior, and the focus of 
this work, is the unique thin film viscoelastic deformation response to sub-yield, low-
strain stimuli in near-ambient temperature environments. In engineering components 
using bulk materials, strains within the elastic regime are generally considered 
instantaneous. It is only at higher operating temperatures that temporal deformation 
processes, such as creep, are considered in bulk component design. However, in 
Micro-Electro-Mechanical Systems (MEMS), specifically Radio Frequency MEMS 
(RF MEMS) devices, the mechanical size effects of thin films result in time-
dependent stress relaxation that can degrade component function and lead to 
reliability issues. For example, low temperature stress relaxation in RF MEMS thin 
films can cause a reduction in springback forces in moving membranes, leading to 
stiction failures and low device reliability. 
The nanocrystalline structure and high purity of typical metallic thin films 
enable the viscoelastic behavior. In this study, the effect of microstructural features 
such as grain size and dislocation density are investigated for a series of face-centered 
cubic (FCC) metal films using the gas pressure bulge test technique at 80 °C. 
Commonly used MEMS metals including Ag, Al(Mg), Au, Cu, and Pt are grown to a 
nominally 500 nm thickness using the DC magnetron sputtering technique. The grain 
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size for each material class is altered by heating the film substrate during growth. 
SEM analysis is used to measure the planar grain size, D, of each film, ranging from 
31.9 nm up through 878.4 nm. The dislocation density of each film is measured with 
TEM and XRD techniques, resulting in a range between 4.1 × 1014  m-2 to 15.1 ×
1014 m-2 for all films. 
The low-strain stress relaxation response of each film is fit using a four-term 
Prony series. The evaluating metric to compare viscoelastic behavior between films is 
the plane strain modulus decay after 10,000 s of relaxation. The Al(Mg), Au, and Pt 
films showed increasing relaxation with increasing grain size while the Ag and Cu 
films showed no relaxation dependence on grain size. The relaxation dependence is 
shown to be linearly proportional to Dn where n ranges from ½ to 2. 
This work suggests that dislocation bowing and unbowing is the driving 
mechanism for the stress relaxation and respective recovery in metallic thin films. 
Thermal activation is associated with overcoming the Peierls barrier. For those films 
that exhibit a dependence of relaxation on grain size, it is shown that the average 
pinned dislocation segment length, L, increases as the grain size, D, increases, 
thereby allowing greater bowing and viscoelastic strain. Furthermore, calculated 
activation volumes for the first 100 s of relaxation change with D for those films that 
exhibit grain size dependence. This study indicates that the barrier to dislocation 
bowing was reduced with grain size for Al(Mg), Au, and Pt films but remained 
constant for Ag and Cu films. 
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A key outcome of this work is that the same relaxation mechanism is active in 
all FCC metals tested. A second outcome is that grain size dependence of viscoelastic 
stress relaxation is not an independent mechanism like Hall-Petch strengthening, but 
rather is a consequence of microstructural changes that accompany grain growth in 
certain metals.  
 4 
1. Introduction 
1.1 Background information 
The material of choice for Micro-Electro-Mechanical Systems (MEMS) 
devices is predominantly silicon, due in part to the advancement of the material for 
the microelectronics industry over the past six or seven decades. Micromachining 
processes have been combined with chip-level electronics to produce microscale 
devices including pressure sensors, accelerometers, gyroscopes and optical devices 
[1]. One technology sector that could benefit from incorporation of MEMS devices is 
the RF (Radio Frequency) community [2]. For over a hundred years this industry has 
relied on bulky electromechanical relays to switch RF current from the on state to the 
off state. Although these devices perform well, they are large, expensive and will fail 
after a few million switching cycles. The solid-state switching industry [GaAs FETs, 
silicon on insulator (SOI), and silicon on sapphire (SOS)] has offered replacements 
for RF relay switches, but could not meet the conventional relay’s switching 
performance. In contrast, a metal-contact technology such as an RF MEMS switch 
can provide superior performance ideally suiting it for the RF switching community. 
The five advantages of an RF MEMS switch over semiconductor and conventional 
switches [3] are: 1) higher isolation, 2) lower insertion loss, 3) very high linearity, 4) 
very low power consumption, and 5) high integration with different substrates. 
Radio Frequency Micro-Electro-Mechanical Systems (RF MEMS) can be 
driven by different actuation mechanisms, including (1) electrostatic, (2) 
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piezoelectric, (3) thermal, and (4) electromagnetic forces. The actuation occurs by 
converting electrical, thermal, or magnetic inputs into a response of mechanical 
motion. The electrostatic switch is the most widely developed device in which a thin 
metallic cantilever (or bridge) is pulled down across an air/vacuum gap to either 
short, open, or load an RF transmission line [4].  Switching is accomplished either by 
establishing direct contact between the moving electrode and a fixed electrode or by a 
change in capacitance between the moving electrode and a fixed electrode covered by 
a dielectric layer that prevents direct contact. Both styles of RF MEMS require low 
electrical resistivity materials for the cantilever, thus metals (and not silicon, doped or 
otherwise) are the material of choice. Column eight of Table 1.1 highlights the orders 
of magnitude difference in resistivity between silicon and the FCC metals used in this 
study. Lower resistivity allows quicker passage of electrical current, which ultimately 
allows increased switching frequencies. Currently, three main failure mechanisms of 
RF MEMS metal-contact switches are (1) contamination/frictional polymer formation 
leading to open switch, (2) adhesion leading to closed contacts, and (3) material 
transfer between contacting surfaces causing contact erosion [5]. Of these three, only 
adhesion is an issue for capacitive switches. 
The adhesion or stiction failure mechanism listed above provides the 
motivation for this present work, which is focused on the underlying mechanics of 
FCC metallic thin films. The viscoelastic behavior of metal thin films has been shown 
to be a primary contributor to membrane stiction susceptibility [6,7] which can 
compromise overall device reliability. It has previously been shown that Au thin films 
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are likely to exhibit significant viscoelastic behavior, and that the degree of stress 
relaxation is temperature dependent [8]. Measurements of activation energy indicated 
a dislocation-based relaxation mechanism. Tests also showed that the rate and extent 
of viscoelastic stress relaxation is dependent on grain size. Au is somewhat unique 
among FCC metals with its lack of surface oxide and very high malleability. It has a 
low stacking fault energy and therefore favors the development of annealing twins 
and partial dislocations. It has not been shown that the viscoelastic behavior seen in 
Au is also present in other FCC metals and alloys, and if the same general trends 
apply. This is the motivation for the current work; material properties that affect 
viscoelastic stress relaxation behavior of common FCC thin film metals (Al, Ag, Au, 
Cu, and Pt) are investigated to determine how universal reversible relaxation is in this 
class of metals, and to identify common trends such as dependencies on grain size 
and dislocation density. The underlying mechanism driving the viscoelastic trends has 
been studied through the determination of dislocation pinning geometries, dislocation 
densities, and activation volumes. 
The following sections of this chapter discuss in more detail the RF MEMS 
devices that motivate this work, methods for fabricating metal films and 
characterizing their mechanical behavior, and the specific case of viscoelastic 
response. 
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1.2 RF MEMS switch design 
Au thin films have been studied extensively as the cantilever beam or bridge of 
an RF MEMS chip, owing to its high electrical conductivity, inertness, and resistance 
to oxidation. For the most part these films are machined using MEMS-enabled 
micromachining and deposition techniques where the thickness of the film is 
submicron [9–12]. Figure 1.1 depicts a typical micromachined RF MEMS capacitive 
switch fixed-fixed bridge, where the suspended Au beam is deposited to 370 nm 
thickness. 
 
Figure 1.1 Capacitive RF MEMS Au beam example from [10] a) top-down SEM 
image of Au membrane b) cross sectional schematic, tb = 370 nm 
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To actuate the device as depicted in in Figure 1.1, the Au microbeam must be 
pulled down across the air gap, g0. The attractive force to do this work can be equated 
in the following way:  
 
𝐹𝑒 = −
1
2
𝜀𝐴𝑉2
𝑔2
 (1.1) 
Where Fe is the electrostatic attractive force, ε is the permittivity of gas between 
electrode and moving membrane, g is the gap distance, A is the overlap area, and V is 
the applied voltage. The counteracting restoring force, Fr, is dependent on the 
membrane stiffness, k, and the deflection of the beam (g0-g): 
 𝐹𝑟 = 𝑘(𝑔0 − 𝑔) (1.2) 
The minimum pull-down voltage to switch the RF MEMS device from off to on is 
when the electrostatic force equals the restoring force, or Fe = -Fr. Figure 1.2 depicts 
the operation of an electrostatically-driven switch where an applied voltage will drive 
the membrane to the dashed position. The pull-down voltage is then: 
 
𝑉𝑝𝑢𝑙𝑙−𝑖𝑛 = √
8
27
𝑘𝑔0
3
𝜀0𝐴
 (1.3) 
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Figure 1.2 Schematic diagram of balance of forces in an electrostatically driven 
RF MEMS device 
The membrane stiffness, k, is proportional to the geometric design (A = area, L = 
length) and the material properties (Young’s Modulus, E): 
 
𝑘 =
𝐹
𝑥
=
𝐴𝐸
𝐿
 (1.4) 
If the stiffness of the switching membrane is reduced, the restoring force for a 
given deflection is also reduced. Reduced membrane stiffness can result in the 
membrane failing to return to the open position upon removal of the driving voltage 
and becoming stuck against the fixed electrode. This common failure mode, known as 
stiction, results in device failure and poor reliability. One contributor to the reduction 
in stiffness would be the reduction in the elastic modulus (E) of the membrane 
material, which is the core motivation for this work. Mulloni et al. have shown the 
modulus decay effect on stiffness by monitoring the pull-down voltage with time, 
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Figure 1.3 [13]. They showed that after repeated switching cycles over many hours, it 
required less and less voltage to actuate the beam on and off. 
 
Figure 1.3 Implications of material degradation (modulus decay) with time in RF 
MEMS device: a) Voltage drop over time due to reduced stiffness b) implying a 
reduction in restoring force that affects gap distance [13]  
The material properties of the moving components are therefore quite critical 
to overall metal MEMS device performance. There exists a knowledge gap in the 
material properties of many materials employed in MEMS devices, since many 
materials at very fine dimensions exhibit novel mechanical size effects where the 
properties vary significantly from the bulk. For instance high power sputtering of Ni-
Mo-W alloys produced 29 μm films with highly-twinned columnar grains [14] where 
yield strengths measured near 3 GPa, much higher than conventional Ni-alloys. 
Similarly another group was able to produce LIGA-based (LIGA is a German 
acronym for Lithographie, Galvanoformung, and Abformung or Lithography, 
Electroplating, and Molding) Ni-W alloy materials with improved strength and 
ductility over pure Ni by alloying with 5 to 15% W and applying a high temperature 
annealing process [15]. Sub-micron thick metal films are especially prone to size 
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effects, where one micropillar compression study showed Au having shear strengths 
approaching very high fractions of theoretical strength once the pillar diameter was 
reduced below about 700 nm [16]. It is therefore highly desirable to fill in the 
knowledge gaps in thin film properties, specifically sub-yield, viscoelastic behavior 
of metallic materials. Understanding this mechanical response subset will allow 
improved device designs and ultimately increase product reliability in real devices, 
such as the RF MEMS switch examples presented here. 
1.3 Thin film properties 
The definition of what makes a film a “thin film” can vary widely from group 
to group. Some groups consider a few atomic layers of material a thin film and would 
use specialized techniques such as molecular beam epitaxy [17] (MBE) or atomic 
layer deposition [18] (ALD) to grow precise atom-by-atom films. On the other end of 
the film thickness spectrum, the MEMS industry has developed an electroplating 
process to deposit 100’s of μm of thin films into a highly precise lithographic mold 
(known as the LIGA process [19]). Many other physical and chemical deposition 
techniques were developed for applications in between these thickness extremes 
whose descriptions are beyond the scope of this effort. In the context of this work the 
important distinction needed to be classified as a thin film is when the film displays 
unique mechanical size effect phenomena that are not typically observed in bulk 
materials (or also thick films) of the same type. Specifically, under constant stress or 
strain conditions there is a more pronounced viscoelastic response in metal thin films 
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than in bulk versions of the same material. This has application implications, such as 
the stiction failures in micro-machined devices as mentioned earlier.  
1.3.1 Sputtering 
Thin films can be deposited using a variety of techniques; sputter deposition is 
one of the most common among these for fabrication of metal films and is heavily 
used in the MEMS industry. Sputter deposition can be used to deposit both 
conducting (metallic) and non-conducting (oxides, ceramics) materials. The target 
material is bombarded with accelerated ions (typically Ar+) which ejects atoms of the 
target species. Positive Ar ions are accelerated to the target by applying a large 
negative voltage to the target with a DC magnetron (or AC source if insulating 
material). A steady stream of bombarding ions against the target forms and fuels a 
plasma. The plasma reactions generate a plume of physical vapor of deposition 
material within the vacuum chamber. Film growth occurs when a substrate is placed 
in the line of sight of this vapor field. It is often rotated to minimize variations in 
thickness across the substrate. A schematic derived from [20] is shown in Figure 1.4a 
which depicts the north and south poles of the magnetron device as well as the 
relative placement of the substrate to the target. Figure 1.4b shows a Pt plasma 
formed using 150 W of DC current. 
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Figure 1.4 a) Schematic diagram of magnetron sputtering system [20] and b) 
example plasma formed from Pt target from this work 
The sputter yield for a given Ar accelerating energy varies for different target 
materials as shown in Figure 1.5 [21]. The difference in yield for five FCC metals is 
highlighted in this figure. The yield for a given metal determines the film growth rate 
relative to deposition of other metals under identical conditions. 
 
Figure 1.5 Sputter yield for metallic elements using Ar+ bombardment [21] 
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1.3.2 Growth modes 
Sputtered atoms from a target material become adatoms when they reach the 
substrate surface. These adatoms follow three general growth modes that depend on 
the affinity of the atoms to the substrate and other adatoms [22]: 1) Volmer-Weber 
(VW) isolated island growth when adatoms prefer bonding to other adatoms, 2) 
Frank-van der Merwe (FM) layer-by-layer growth where adatoms prefer bonding to 
the substrate, and 3) Stranski-Krastanov (SK) growth where a combination of island 
and layer-by-layer growth. Figure 1.6 depicts a combination growth mode common 
during the fabrication of polycrystalline metal films [23]. Coalescence and growth of 
adatom islands forms the typical columnar microstructure of metallic thin films. 
 
Figure 1.6 Example of film growth process showing island formation, 
coalescence of islands into continuous film, and film growth adapted from [23] 
If the substrate is crystalline, an epitaxial relationship may develop in the 
growing film, creating a preferred film texture that depends on the orientation of the 
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substrate. In contrast, an amorphous surface will not impart any preferred sites for 
adatoms during deposition. Without a preferred site for bonding, the adatoms will 
form crystallites which minimize surface and interfacial energies during coalescence 
and growth [24].   The lowest energy surface of FCC metals is the tightly packed 
(111) surface, which explains the (111)-fiber texture orientation that often appears 
during sputter deposition.  
1.3.3 FCC material properties 
A summary of material properties of importance to this work is presented in 
Table 1.1 [25,26]. The properties of the five face-centered cubic metals used for 
deposition are compared against silicon, the most common MEMS  structural 
material. 
1.3.4 Thin film strengthening mechanisms 
Accurate mechanical properties for thin films are needed for proper design of 
products and devices. Thin film materials generally exhibit size effect phenomena 
 
Table 1.1 Selected material properties for materials used in this work 
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where the expected mechanical performance differs from bulk variants of the same 
material. The size effect is derived from the thin film microstructure developed 
during film growth. Thin films can be strengthened through a variety of dislocation 
interactions including with solutes (solid solution strengthening), precipitates 
(precipitation hardening), other dislocations (strain hardening), grain boundaries 
(Hall-Petch effect), and twin boundaries. Figure 1.7 depicts a schematic of these 
dislocation interactions with the obstacles listed above [27]. There is also an inherent 
resistance to dislocation motion, called lattice friction or Peierls force, that exists even 
in pure crystalline materials. For this work, three mechanisms will be highlighted: 
lattice friction, dislocation-dislocation interactions, and GB strengthening.  
 
Figure 1.7 Schematic illustration of strengthening mechanisms in metals a) 
dislocation-obstacle interactions b) dislocation pile-up at grain boundary and c) 
dislocation-twin obstacle interaction [27] 
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Lattice friction comes from the periodic nature of a crystalline lattice. In order 
for a dislocation to advance, it must move from one stable location to another. The 
stable locations are energy troughs, and the intermediate position is an energy barrier 
that must be overcome. Ceramic materials have very high lattice friction at room 
temperature so dislocation motion is very difficult. Lattice friction in BCC metals is 
low enough that dislocation motion is relatively easy at room temperature, but not so 
low as to be negligible. Lattice friction in FCC metals is very low due to the presence 
of close-packed glide planes, so dislocation motion is very easy at room temperature. 
The lattice resistance in FCC metals is often ignored because other factors dominate 
the strength. 
A strengthening mechanism important to thin films regardless of 
microstructure is the dislocation-dislocation interaction strengthening effect. The 
shear stress (∆𝜏) required for dislocations to overcome the dislocation barrier as in the 
rightmost schematic of Figure 1.7a is given by: 
 ∆𝜏 ∝ 𝐺𝑏√𝜌 (1.5) 
Where G is the shear modulus, b is the burgers vector, and ρ is the dislocation 
density. A square root dependence on dislocation density was verified experimentally 
with single crystal Ag materials [28]. 
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Figure 1.8 Square root dislocation density dependence on applied shear stress in 
single crystal Ag [28] 
As described earlier, sputtered thin films typically form nanocrystalline or 
microcrystalline columnar grains from the substrate to the surface. This unique 
microstructure provides very small grain sizes, which can increase the strength of the 
thin film by increasing the density of grain boundary-dislocation interactions (Figure 
1.7b). This strengthening mechanism follows a modified Hall-Petch behavior as 
follows [26,29]: 
 𝜎𝑦𝑠 = 𝜎𝑇 + 𝜎𝑆𝑇 + 𝑘𝑦𝑑
−0.5 (1.6) 
Where the yield stress 𝜎𝑦𝑠 is proportional to three separate length scales: 1) short term 
temperature-dependent Peierls lattice forces (𝜎𝑇) (< 1 nm), 2) long range athermal 
dislocation-obstacle stress effects (𝜎𝑆𝑇) (10-100 nm), and 3) very long-range grain 
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size effects (kyd
-0.5) (> 1000 nm). A classical Hall-Petch relation was demonstrated in 
FCC metal films (Ag, Cu, Al, Ag-Cu) using microtensile testing [30].  
1.4 Mechanical test techniques for thin films 
The mechanical properties of thin films can be quite different from their bulk 
counterparts due to size effects of the miniaturized specimens. However, bulk 
mechanical test techniques do not translate well to measuring thin film properties. 
Therefore, specialized techniques were developed over the past few decades to 
characterize the unique mechanical properties of thin, planar materials. They include 
nanoindentation, substrate curvature measurement, MEMS microtensile tests, and 
bulge tests. These common thin film techniques will be summarized below. 
1.4.1 Nanoindentation testing 
Conventional microscale indenting techniques used on bulk materials provide 
a relative quick and inexpensive analysis of a material's hardness [31]. Instrumented 
indentation techniques, such as nanoindentation, are not limited to hardness alone. 
They have been developed to measure thin film properties [32] but with required 
considerations, most importantly being the necessary presence of a substrate. 
Hardness and modulus measurements in thin films can be affected by the substrate if 
the indenter penetrates more than 10% to 25% of the films surface [33]. Hence, 
special precautions in sample preparation and post-test data analysis are needed when 
nanoindenting on thin films where the film thickness is sub-micron. However, 
nanoindentation techniques are quite popular and can determine hardness, elastic 
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modulus, residual stress, time-dependent behavior, and fracture toughness [32]. 
Figure 1.9 shows a nanoindenter schematic along with a typical load vs displacement 
(indentation depth) plot. Inspection of Figure 1.9b shows three parameters readily 
extracted from an indentation plot. Hardness is proportional to the load (P) divided by 
the indenter area (A): 
 
𝐻 ∝
𝑃
𝐴
 (1.7) 
Time-dependent creep response is measured by monitoring the indentation depth with 
a constant load. The indenter sinks into the material with a strain rate dependent on 
depth (h): 
 
𝜀̇ =
1
ℎ
𝑑ℎ
𝑑𝑡
 (1.8) 
During the unloading of the tip, the elastic springback of the material is proportional 
to the effective modulus (Er) which is a combined modulus of both the thin film (Es) 
and indenter (Ei) and their respective Poisson’s ratios: 
 1
𝐸𝑟
=
1 − 𝜈𝑠
2
𝐸𝑠
+
1 − 𝜈𝑖
2
𝐸𝑖
 (1.9) 
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Figure 1.9 Nanoindentation test technique from [34] a) schematic of 
nanoindenter unit b) Load vs indentation depth with highlighted mechanical 
properties 
Nanoindenting is a useful technique but comes with some concerns regarding 
overall thin film properties. By definition it is a site-specific, highly localized 
technique that can measure the properties of very small regions at a time. Therefore, 
an indent over a grain will measure different properties than an indentation on a grain 
boundary, for example. A user would need to average many indents across many 
different microstructural regions of the film to begin to quantify the mechanical 
properties of the complete film. In addition, the substrate effects mentioned earlier 
should be incorporated into each nanoindentation measurement, especially for 
relatively deep indents. 
1.4.2 Wafer curvature testing 
The Stoney equation was developed over a century ago to calculate the 
curvature induced by application of a stressed thin film over a relatively thicker 
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substrate [35]. The technique allows determination of the biaxial stress state (σf) of 
the applied thin film by measuring the curvature before and after film deposition [36]: 
 
𝜎𝑓𝑡𝑓 =
𝐸𝑠ℎ
2
6(1 − 𝜈𝑠)𝑅
 (1.10) 
Where tf is film thickness, Es is substrate modulus, νs is Poisson’s ratio of substrate, h 
is the substrate thickness, and R is the measured curvature after film deposition. This 
equation is a widely used technique to ascertain both tensile and compressive stress 
properties of the overlay film if a uniform coating is applied to a relatively smooth 
and flat substrate. 
Heating up the film/substrate composite will change the stress state of the film 
and thus change the curvature. In-situ wafer curvature tests during thermal cycling 
can be used to monitor the biaxial stress state of the film with temperature in the 
following manner. 
 
∆𝜎𝑓 =
𝐸
(1 − 𝜈𝑓)
∆𝛼∆𝑇 (1.11) 
Where ∆α is the difference in coefficient of thermal expansion for the film and 
substrate. Through monitoring of the stress conditions of a 1 μm thick, fine-grained 
(D ~ 0.1 μm) Cu film from 25 °C to 450 °C, Thouless et al. gained insight into the 
film’s stress relaxation mechanisms during heating and cooling cycles [37]. The 
thermal cycle and measured stress state of this Cu film is shown in Figure 1.10 with 
suggested relaxation mechanisms within each stress-temperature regime. 
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Figure 1.10 In-situ stress monitoring of Cu film during thermal cycling using the 
substrate curvature technique from [37] 
One drawback of the wafer curvature technique is the inability to de-couple 
thermal strains from mechanical strains, as evidenced directly in Figure 1.10. 
Independent contributions from applied stress and temperature on the stress state of 
the film are impossible with this technique. 
1.4.3 SEM/TEM in-situ microtensile testing 
Monitoring the deformation process in real time is routine for bulk samples 
using conventional uniaxial mechanical testers and digital image correlation (DIC) 
strain analysis. In-situ, micro- and nano-scale monitoring of thin film deformation is 
not nearly as widespread, but is becoming more prevalent with the advent of MEMS-
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based mechanical testing platforms [38–40]. The thin film under investigation is 
usually co-fabricated as a tensile coupon with the standard silicon-based MEMS 
micromachining operations necessary to create the test platform. This prevents 
specimen damage during mounting using more traditional techniques. In addition, the 
highly precise lithographic process for machining the MEMS components allows for 
excellent alignment and sample gripping. An example micro-tensile tester is shown in 
Figure 1.11a where the specimen is co-fabricated with the MEMS platform [40]. 
Example SEM and TEM in-situ mountings are shown in Figure 1.11b and c, 
respectively. 
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Figure 1.11 In-situ MEMS platform for thin film microtensile tests [40] a) 
MEMS testing device b) SEM in-situ mount and c) TEM in-situ mount 
1.4.4 Bulge testing 
The bulge test technique is used in this present work to measure the anelastic 
properties of metallic thin films. The technique works by applying a pressure to one 
side of the film which generates a deflection or bulge [41–43]. The bulged film’s 
applied pressure and deflection height are converted into stress-strain data. The 
deflection can be measured capacitively if the film is conductive [6,7] or optically 
using a laser interferometer [44,45]. The bulge technique requires the film composite 
to be in a state of tension, as a compressive or buckled film cannot be easily measured 
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through capacitance or optical methods. One advantage of this technique is that it is 
possible to test free-standing metal films, which is not possible with many 
conventional thin film measurement techniques, such as nanoindentation. Another 
advantage of the bulge technique is the de-coupling of thermal strains from 
mechanical strains, which is inherently impossible with substrate curvature 
techniques. Finally, the bulge specimen is much simpler and easier to handle than a 
microtensile test specimen. More details of the specifics of this technique are in 
Chapter 2. 
1.5 Time-dependent recoverable deformation in thin films 
A non-instantaneous (i.e., time-dependent) deformation response to the 
application of a load is the core focus of this work. Time-dependent deformation 
processes can be broadly classified into two categories: 1) creep deformation under 
constant stress that causes a gradual increase in strain and 2) stress relaxation under 
constant strain that causes a gradual decrease in stress in the material. In bulk 
materials these deformation processes are predominantly permanent and tend to occur 
at high temperatures (e.g., ≈ T > 0.5 Tm). In thin film materials, these processes can 
have a pronounced effect on material performance even at low temperatures, such as 
the reduction in springback force in an RF MEMS cantilever operating below 100 °C. 
1.5.1 Commonly proposed mechanisms for time-dependent deformation 
Crystalline material deformation can be controlled by a variety of mechanisms 
depending on the stress, strain rate, and temperature environment during deformation. 
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Plastic flow is thought of as a kinetic process determined by the density and flow 
velocity of "deformation carriers". Deformation carriers include gliding dislocations, 
diffusion of atoms within the grain or grain boundary, grain boundaries sliding, and 
mechanical twinning [46]. A collection of deformation mechanism maps are available 
in the literature that indicate what type of mechanism will dominate depending on the 
applied stress, temperature or strain rate [46,47]. For example, Figure 1.12 presents 
the expected deformation mechanisms in bulk pure Ag, with Figure 1.12b and c 
showing the adjustment and extension of mechanism zones after altering the 
dislocation density and grain size, respectively. For reference, the bulge testing 
conditions presented later in this study reside in the sub-yield (i.e. elastic) boxed 
region of these figures. The boxed region was placed based on an applied shear stress 
of 50 MPa, assuming a Ag shear modulus of 26.4 GPa, and bulge test temperature of 
80 °C. 
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Figure 1.12 Deformation mechanism maps from [47] of a) pure Ag b) pure Ag 
with dislocation density effect and c) pure Ag with grain size effect. Red boxed 
area represents typical environment of bulge anelastic test 
1.5.1.1 Low-temperature plasticity by dislocation glide 
Low-temperature deformation processes in metals are dominated by slip and 
twinning. Face-centered cubic metals generally deform by dislocation-based slip 
processes with mechanical twinning generally occurring only at very low 
temperatures. The dislocation movement can be hindered by obstacles such as 
solutes, precipitates, grain boundaries, and other dislocations. This hindering effect 
strengthens the material by pinning dislocations at obstacles and preventing further 
slip deformation. Various strengths or activation energies (∆F) of obstacles are listed 
in Table 1.2 [46]. In this table b is the Burgers’ vector, μ is the shear modulus, 𝑙 is the 
dislocation spacing, and ?̂? is the shear strength without thermal contributions. 
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Table 1.2 Characteristics of obstacles from [46] 
The strain rate (?̇?) from dislocation-obstacle interaction is given as [46]: 
 
?̇? = ?̇?0 exp [
−∆𝐹
𝑘𝑇
(1 −
𝜎𝑠
?̂?
)] (1.12) 
Discrete obstacles such as precipitates or other dislocations will provide high energy 
barriers to dislocation movements and/or bowing. Lattice resistance (Peierls force) 
also provides a friction for dislocation movement, but to a smaller extent. Figure 
1.13a and b depict dislocation movements against higher barrier discrete obstacles 
and lower barrier lattice resistance, respectively [46]. Deformation by these low 
temperature mechanisms is typically assumed to be instantaneous and non-
recoverable in bulk metals. 
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Figure 1.13 Low-temperature obstacles for dislocation motion a) discrete 
obstacles and b) Peierls lattice resistance [46] 
 
1.5.1.2 Power-law creep by dislocation glide or glide-plus-climb 
At higher temperatures (~ T > 0.3 Tm), many bulk metals exhibit time-
dependent, non-recoverable power-law creep that follows [46]: 
 
?̇? ∝ (
𝜎𝑠
𝜇
)
𝑛
 (1.13) 
where n has a value between 3 and 10. Via this deformation mechanism dislocations 
can propagate by glide and glide plus climb. Dislocations have enough energy to 
climb over obstacles through the process of vacancy diffusion. The glide plus climb 
process is considered “high-temperature” creep when lattice diffusion provides the 
driving force for climb and “low-temperature” when dislocation core diffusion drives 
the climb operation. This process can occur in thin films as well. During high 
temperature wafer curvature tests (between 180 °C and 400 °C), Hwang et al. 
determined a power-law creep mechanism was driving the deformation in stress 
relaxation experiments on 1 μm thick Cu films [48]. 
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1.5.1.3 Diffusional flow 
At even higher temperatures, atomic diffusion processes begin to control the 
time-dependent deformation rate in response to an external stress. Diffusion-
controlled deformation is either dominated by lattice or grain boundary diffusion 
depending on the temperature. In both cases the strain rate is proportional to the grain 
size (D). At lower temperatures, grain boundary diffusion or Coble creep is given as 
[26,49]: 
 
?̇? ≈
50𝜎𝐷𝑔𝑏𝑏
4
𝑘𝑇𝐷3
 (1.14) 
Where Dgb is the diffusivity constant in the grain boundary, D is the grain size, b is 
the Burgers vector, k is the Boltzmann constant. At higher temperatures, lattice-based 
diffusion, or Nabarro-Herring creep, dominates the deformation as: 
 
?̇? ≈
7𝜎𝐷𝑣𝑏
3
𝑘𝑇𝐷2
 (1.15) 
Where Dv is the diffusivity constant through the lattice. Grain boundary diffusion 
mechanisms are more prevalent in fine-grained materials, as noted by the increased 
grain size sensitivity in Coble creep strain rates (D3 vs D2). A model showing both 
lattice and boundary diffusional responses during high temperature deformation is 
shown in Figure 1.14[46]. 
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Figure 1.14 Diffusional deformation model showing Coble creep (boundary 
diffusion) and Nabarro-Herring creep (lattice diffusion) [46] 
1.5.1.4 Grain boundary sliding 
For many thin film experiments, grain boundary sliding has been proposed as 
the likely time-dependent deformation mechanism [50]. This is not a pure mechanism 
in its own right but requires accommodation mechanisms such as diffusional flow or 
dislocation climb [26]. As described previously these two base mechanisms are 
fundamentally high temperature processes, so in bulk materials grain boundary 
sliding would be expected only in high temperature deformation environments. 
However, in nanocrystalline material experiments (D ≈ 10 to 50 nm)  [51–57], low 
temperature (~ room temperature) grain boundary sliding has been attributed to time-
dependent deformation. The increased volume of grain boundaries in these ultrafine 
nanocrystalline materials has also been attributed to the inverse Hall-Petch effect 
where the materials weakens with further reduction in grain size. 
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1.5.2 Recoverable thin film deformation 
In thin films, significant recovery of deformation due to creep and stress 
relaxation have been reported, both anelastic recovery [6,7,58] and plastic recovery 
[59,60]. The distinction between low-strain anelastic recovery and high-strain plastic 
recovery is depicted in Figure 1.15. The focus of this work is anelastic or viscoelastic 
recovery (blue curve, regime ii), where the film is deforming in ‘sub-yield’ 
conditions. In contrast, a plastic recovery processes (red curve, regime i) are shown as 
time-dependent recovery of yielded thin films. The following sections will present 
work in each regime and some of the proposed mechanisms that drive each recovery 
process, highlighting the differences between instantaneous and non-instantaneous 
mechanical responses possible in thin films [61]. 
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Figure 1.15 Thin film recovery processes showing i) plastic recovery and ii) 
anelastic or viscoelastic recovery (stress relaxation experiment) 
 
 
Table 1.3 Different types of mechanical behavior 
 
1.5.2.1 High-strain time-dependence (recoverable plasticity) 
Recent work in the field of nanocrystalline materials regarding the time-
dependent plastic mechanical behavior has led to competing theories describing the 
deformation mechanism including both recoverable and irrecoverable processes.  
Rajagopalan et al. found 50 to 100% plastic recovery of Au and Al sub-micron thin 
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films using a MEMS tensile testing technique [59]. The effect was only seen in 
nanocrystalline films with grain sizes in the 50 - 65 nm regime and was not present in 
larger-grained films of the same overall thickness. This work argues that the films 
contained an inhomogeneous distribution of grain sizes whereby an applied global 
stress will only generate dislocations in the larger grains at grain boundary sources, 
causing plastic deformation. The smaller grains will be void of dislocation formation 
and propagation and only elastically deform from the global strain. Recovery is 
driven by leftover residual internal stresses due to inhomogeneous deformation. It is 
suggested that the resultant backstresses force dislocations back to their origin upon 
removal of the external load. 
An alternative investigation into nanocrystalline copper films by Ghazi found 
similar plastic recovery phenomenon in films containing roughly 35 nm grain sizes 
[62]. Using the bulge test technique, they found that the recovery from plastically-
deformed films demonstrated both a fast and a slow recovery rate upon removal of 
stress. Unlike the previous dislocation-based mechanism for recovery, they postulate 
a diffusion-based mechanism is responsible for driving the recovery process. In their 
model this diffusion is due to Coble creep of atoms from grain boundaries to pores 
within the sputtered copper film. However, similar to the Rajagopalan work, the 
driving force for recovery or reversing the Coble creep is postulated to be 
inhomogeneous buildup of residual stress within the film grain structure. 
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1.5.2.2 Low-strain time-dependence (anelasticity) 
Low-strain anelasticity is time-dependent deformation that has no permanent 
set or plasticity. During a constant strain test, an anelastic material will exhibit stress 
relaxation, but upon removal of the strain the material will recover with time as 
depicted in the right portion of Figure 1.16. 
 
Figure 1.16 Elastic, plastic (viscoplastic), and anelastic response to a constant 
strain 
A mechanical analog of an anelastic material is one which has an 
instantaneous strain due to the applied stress represented by a spring in series with 
time-dependent deformation represented by a spring-plus-dashpot. Figure 1.17 
represents this analog of a sputtered metal film on a purely elastic substrate [63]. This 
analog is representative of the bulge testing presented here, where samples are 
composed of anelastic metal films adhered to purely elastic SiNx substrates.  
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Figure 1.17 Mechanical analog of anelastic deformation of a substrate and metal 
film [63] 
Examples of time-dependent recoverable plastic deformation in section 
1.5.2.1 described metal thin films strained beyond the yield point and the associated 
observations of full plastic recovery. Although important for furthering the 
understanding of small-scale viscoplastic behavior, a MEMS designer is unlikely to 
design a component that exceeds the practical elastic limit. From a pragmatic 
viewpoint that means the low-strain, anelastic or viscoelastic time-dependent 
behavior is more important for real world devices, including RF MEMS chips. 
Anelastic recovery was studied in Al-(1 wt%) Cu thin films with strains from 
0.05% to 0.8% [58]. Using both microbeam bending and micro tensile tests (Figure 
1.18a and c, respectively), they could measure recoverable creep strain as shown 
respectively in Figure 1.18d. Upon removal of the stress the beam recovers most of 
the bending strain after over 3 hours of rest, Figure 1.18c. The recovery process is not 
 38 
attributed to inhomogeneous distribution of strain as hypothesized in the prior high-
strain recovery examples, but more to backstresses generated during extension of 
existing dislocation line segments. Although their work was on thicker films (~5 um) 
and larger grains (4 – 20 um), they could show that the presence of grain boundaries 
had negligible effect on the extent of anelastic recovery. 
 
Figure 1.18 Low-strain anelastic recovery of Al-Cu microbeams 
An alternative theory for describing the anelastic recovery in low-strain 
environments was presented by Kalkman et al. where they utilized a dynamic bulge 
test to measure the time-dependent mechanical response of sub-micron W, Al, and Au 
films [51]. They found the W film exhibited no time-dependent behavior across 
testable frequencies while Al and Au films showed considerable modulus decay as 
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the frequency of oscillations was reduced. Based on the characteristic time constant 
measured for Al and Au thin films they suggest grain boundary sliding as the 
dominant mechanism driving the anelastic behavior. The very small grain size of the 
measured films account for the significant contribution of grain boundary sliding 
even if this mechanism is more typically found at high temperatures in bulk materials. 
Early work in our group measuring low-strain anelastic behavior in FCC Au 
films attributed the effect primarily due to so-called “pre-yield microplasticity.” 
Experimental studies have shown that dislocations begin moving at relatively low 
shear stresses (10-6 to 10-5 of the shear modulus, G), where they still have enough 
energy to overcome the Peierls energy barrier [64].  The observed stress relaxation in 
gold thin films was attributed to a double kink dislocation propagation mechanism, 
due to the similarities in calculated activation energies with the literature (0.1 to 0.2 
eV for FCC metals) [8]. 
In internal friction experiments, Choi and Nix also suggest a dislocation-based 
process is driving the anelastic recovery of Cu thin films [63]. Measured activation 
energies of 1.47 eV suggest the dislocation bowing and extension process is limited 
by jog drag and vacancy diffusion. Recovery is driven by built-up dislocation line 
tension in the bowed dislocations. 
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1.5.2.3 Anelastic dislocation bowing 
Anelastic processes observed in this work require a non-permanent (i.e. 
recoverable) dislocation-based mechanism to describe the deformation. Many of the 
bulk plasticity mechanisms discussed previously are unlikely candidates because they 
do not result in stored elastic energy that can drive reversibility. Bowing of a pinned 
dislocation, however, meets this criterion. Consider a dislocation pinned by two 
obstacles (A and B) as in Figure 1.19 that can bow in response to sub-yield stresses. If 
the dislocation bows beyond a certain critical radius it becomes unstable and either 
breaks away from the pinning points or becomes a Frank-Read source. However, if 
the radius is small then the line will retract once the applied stress is removed, fully 
recovering the strain. 
 
Figure 1.19 Bowing dislocation from pinning point A to B under applied stress 
The bowing extent is related to the curvature of the dislocation line (Rc), the shear 
modulus (G), the burgers vector b, and the applied shear stress: 
 
𝑅𝑐 =
1
2
𝐺𝑏
𝜎
 (1.16) 
The dislocation sweeps across an area 𝛿𝑠 that is dependent on the unloaded pinning 
distance (𝑙) between points A and B: 
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𝛿𝑠 =
1
12
𝑙3
𝑅𝑐
 (1.17) 
The anelastic strain developed in the material is proportional to the number of bowing 
dislocations per volume (Nv), the swept area, and the Burgers vector: 
 𝜀 = 𝑏𝛿𝑠𝑁𝑣 (1.18) 
The shear modulus (G) decay due to dislocation bowing is then proportional to the 
dislocation density (ρ) and the pinning distance (𝑙) by [61]: 
 ∆𝐺
𝐺
=
1
6
𝜌𝑙2 (1.19) 
This modulus decay is also equivalent to the number of dislocations per unit volume 
(N) and the cube of the pinned distance (where α is near unity) [65]: 
 ∆𝐺
𝐺
=
−𝑁𝑙3
6𝛼
 (1.20) 
A bowing dislocation generates a backtension (τ) which can be responsible for 
anelastic recovery of strained materials upon unloading [66]: 
 
𝜏 =
𝐺𝑏
2𝑅𝑐
 (1.21) 
Time- and temperature-dependence are provided by the Peierl's barrier that the 
bowing dislocation must overcome. 
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2. Experimental details 
This chapter describes the fabrication, characterization and mechanical test 
techniques used to study the viscoelastic properties of metallic thin films. The first 
portion describes the creation of a standard test sample used in this research, 
including the geometry and composition of the substrate. Second, the deposition 
process used to grow thin films upon this substrate is described. Next there will be a 
discussion of the laboratory techniques used to characterize the microstructural 
features of each thin film test sample. Finally, a summary of the mechanical test 
technique, the bulge test, will be provided. All time-dependent, viscoelastic test 
results presented in the subsequent chapters used the same experiment set up detailed 
in this chapter.  
2.1 Sample design and fabrication 
The bulge test sample is extracted as a die from a (100)-oriented silicon wafer. 
This wafer is 525 μm thick with 200 nm of SiNx on the top and back side of the 
wafer. The SiNx is amorphous and acts as both a deposition substrate and wet etch 
stop. Silson Ltd (www.silson.com) provided the wafers pre-coated with SiNx using 
Low Pressure Chemical Vapor Deposition (LPCVD), see Figure 2.1. The back-side 
SiNx coating was masked off to allow exposure of a rectangular silicon region during 
the Potassium Hydroxide (KOH) wet etching process. The masking process 
delineated the rectangular cavities needed to generate the thin bulge membrane and 
also score lines to allow for easy separation into square dies. The wafer was 
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approximately 4 inches in diameter (100 mm), with twelve 20 mm by 20 mm dies on 
each wafer. KOH etching of Si is an anisotropic process that exposes the {111} 
planes that lie at an angle to the surface of a (100) wafer. The rectangular mask was 
therefore oversized in such a way to generate a 12 mm by 3 mm SiNx membrane on 
the front side of the wafer at the end of the KOH etch process. The oversize was 
calculated to account for the 54.74° anisotropic etch angle of single crystal silicon and 
the 525 µm wafer thickness. 
 
Figure 2.1 Si wafer for bulge test samples with a) full SiNx coating on the top side 
and b) masked SiNx coating on the back side 
 
The crisscrossing score lines shown in Figure 2.1b are used to break the wafer 
into bulge dies. The dies (or alternatively as a whole wafer) are submerged in a 50:50 
solution of deionized water and KOH at 80 °C. At this temperature and etchant 
concentration the exposed silicon is shown to etch at approximately 1 μm/min in the 
(100) direction [67,68]. Therefore, a complete etch of 525 μm thick exposed silicon 
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wafer would take about 8.75 hrs. For this research, a whole wafer was typically 
submerged for ~ 16 hours which resulted in complete etching of the exposed 
rectangular silicon and negligible removal of the SiNx etch stop. After removing the 
wafer from the KOH mixture, it was submerged in a bath of de-ionized water to 
remove any KOH residue and to clean the surfaces of any potassium salts that came 
out of solution. Careful handling is required as the 12 mm by 3 mm free standing 
SiNx membrane is only 200 nm thick and extremely fragile from this point forward. 
Figure 2.2a-b represents this wet etching process after dies are removed from the 
wafer. Relevant bulge sample dimensions used for this research can be extracted from 
this figure. This process creates the SiNx membrane that will be the substrate for film 
deposition, Figure 2.2c and Section 2.2. 
 
Figure 2.2 Bulge test samples a) as-diced b) as-etched c) as-coated 
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In some cases, the silicon backing was not completely etched away to allow 
for epitaxial growth of single crystal metal films on a silicon substrate (see Section 
2.2.3). In this special case, a drop gauge was used to estimate the remnant silicon 
backing after submersion in the KOH:H2O mixture. After sufficient etching in KOH, 
Reactive Ion Etching (RIE) dry etching techniques were used to remove the wet etch-
resistant SiNx on the top side. Using a Technics 800 RIE with a mixture of O2 and 
CF4 gas and an RF plasma, it was possible to remove the amorphous SiNx layer 
without damaging the underlying silicon. In this way a free-standing silicon 
membrane could be used to allow metal to deposit directly onto a (100) Si surface, 
instead of the conventional amorphous SiNx surface which was used for most of this 
research. 
2.2 Thin film deposition process 
The following sections will detail the PVD sputtering conditions to fabricate 
bulge samples for viscoelastic testing. A discussion of adhesion layers and why they 
were not used in this study will be provided. Then highlights of the polycrystalline 
films deposited at Lehigh will be presented, followed by details of a single crystal 
film grown by the Max Plank Institute for Intelligent Systems of Stuttgart, Germany. 
2.2.1 Adhesion layers 
An adhesion layer is commonly used to help one thin film material attach to a 
substrate material where it might have difficultly adhering without the presence of 
this intermediary adhesion layer. Highly reactive species such as Ti and Cr are 
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routinely used as adhesion layers between substrate and metal film, with thicknesses 
from a few nm up to many tens of nm depending on the application. Studies on 
adhesion performance have typically been done by testing the fracture strength of the 
film composites, where the energy to form a crack between the overlayer and the 
substrate is determined [69,70]. In addition an adhesion layer can be used as a 
diffusion barrier between substrate and overlayer metal [71]. Researchers have found 
unwanted device performance in multilayer memristor switch devices when the Ti 
adhesion layer diffused through the metallic overlayer contact, corrupting device 
performance [72]. Although typically much thinner than the overlayer film, the 
adhesion layer can alter the mechanical and chemical state of the film composite, thus 
film deposition can require special considerations. 
For this study at Lehigh, an adhesion layer was not used. All metal films were 
deposited directly onto the SiNx substrate without an intermediary layer. There are 
two primary reasons for this: 1) An adhesion layer (Ti or Cr) would likely diffuse 
through the metal structure during the high temperatures needed for grain growth and 
2) the presence of an adhesion layer tended to prevent or alter the columnar growth of 
metal grains during growth. Figure 2.3a shows a representative cross section of films 
used in this study (with green representing adhesion layer), with columnar growth 
from substrate-to-surface with no adhesion layer present between film and SiNx. 
Unwanted growth conditions such as interruption of grain columns or diffusion of 
adhesion layer species through grain boundaries are shown in Figure 2.3b and c, 
respectively. 
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Figure 2.3 Schematic effect of adhesion layer a) none b) non-columnar growth c) 
GB diffusion 
 
A core facet of this work is studying the grain size dependence of viscoelastic 
properties of thin metallic films and the presence of diffuse Ti/Cr atoms or the 
irregular grain growth due to the adhesion layer’s presence would introduce unwanted 
variables.  
2.2.2 Polycrystalline film growth 
Metallic, polycrystalline films were deposited with a Direct Current (DC) 
magnetron sputtering chamber (AJA International ATC 2200 Sputtering System). 
This sputtering chamber has three 2’’ sputter guns that can be aimed at a centrally-
located substrate. Typical base pressures reached by the vacuum system are 10-7 to 
10-8 torr. Substrate rotation during sputtering was set at 21.37 rotations per minute for 
all samples. The sputter gas used was high purity Ar gas with a standard process 
pressure of 5 millitorr (10-3 torr). The deposition rate was controlled by adjusting the 
power applied to the sputter gun, which was typically set in the range of 150 to 300 
W for all metals. Sample substrate bias was not used for any film deposition in this 
study. Elevated substrate temperature was provided by a halogen lamp heater with 
feedback control provided by the sputter system heating unit (AJA International 
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model SHQ 2001-C). Sputter rates were calculated by measuring film thickness (see 
Section 2.3.1) after a set amount of time. A summary of process conditions is shown 
in Table 2.1. 
 
Table 2.1 Sputter process conditions 
 
If required, the bulge sample dies described in Section 2.1 were cleaned 
before loading into the chamber with common laboratory solvents such as acetone, 
isopropyl alcohol, and methyl alcohol. De-ionized water was typically used as a final 
step to remove any organic residue from the solvent cleaning. 
The step-by-step process flow for generating bulge samples is listed next: 
1. Clean sample using solvents and de-ionized water if need be 
2. Load sample into main sputter chamber through load lock 
3. Pump system until vacuum approximately 10-7 – 10-8 torr 
4. Flood Ar process gas into main chamber to reach 10-3 torr 
5. With sample rotating, turn on lamp heater with desired substrate temperature 
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6. Allow system temperature to reach steady state thermal conditions 
7. Sputter clean target for ~ 30 s with gun shutter closed 
8. Open gun shutter and sputter for desired time/thickness 
There were four pure elemental films in this study that required only one gun 
for the sputtering process (Ag, Au, Cu, and Pt). The fifth film set (Al-[<1wt%] Mg) 
required co-sputtering of an Al and an Al-Mg target, thus necessitating two guns for 
the film growth. The Al film was alloyed with Mg to mitigate any irregular grain 
growth that might occur in a pure Aluminum film at elevated substrate temperatures 
due to its low melting point. Mg was added since it readily forms a solid solution with 
Al at low weight percent Mg [73]. Mg solute atoms at the Al matrix grain boundary 
are expected to act as a solute drag on grain boundary expansion and attenuate rapid 
grain growth during elevated temperature depositions [74]. 
 
Figure 2.4 Stress state of sputter bulge coupons: a) compressive (buckled) b) 
near zero and c) tensile 
It can be seen in Table 2.1 that all films were sputtered at 100 °C and above. 
The first, and primary, reason for this is that the Lehigh bulge test method requires 
the film/nitride composite membrane to be in a state of tension. If the overall stress 
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state of the composite is compressive, the film will buckle and be unusable as a bulge 
sample, see Figure 2.4a. By depositing the metal at elevated temperature, the film and 
substrate will be at equal temperature before growth begins. After film deposition and 
upon cooling the difference in thermal expansion coefficients between the metal and 
the Si substrate will force the metal film into a state of tension, see Figure 2.4b,c. This 
thermally induced stress state can be estimated in the following: 
 
𝜎𝛼 = 𝑀𝑏𝑖𝑎𝑥𝑖𝑎𝑙𝜀𝛼 =
𝐸
(1 − 𝜈)
(∆𝛼𝐶𝑇𝐸)(∆𝑇) (2.1) 
Where Mb is the biaxial modulus and α is the coefficient of thermal expansion for 
substrate and overlayer film. 
The second reason for depositing at elevated temperatures is to ensure each 
film has been effectively annealed at a temperature that is higher than the bulge test 
temperature, which was typically 80 °C. Thermally stabilizing each sample in the 
sputtering chamber eliminates any unwanted microstructure changes that might have 
occurred in an 80 °C bulge mechanical test. 
2.2.3 Single crystal film growth 
The prior section covered polycrystalline films grown on a free-standing SiNx 
membrane. To study the effect of a film lacking grain boundaries, a single crystal film 
was needed. The sputtering chamber at Lehigh cannot create such a film due to 
vacuum and temperature requirements needed to grow a 20 mm by 20 mm thin film 
single crystal. Prepared bulge substrates were sent to the Max Plank Institute for 
Intelligent Systems in Stuttgart, Germany for single crystal growth. The SiNx 
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substrate used for polycrystalline growth was removed so the film could grow 
epitaxially on the silicon (100) surface. As discussed previously, a partial wet etch of 
the cavity under the SiNx membrane, Figure 2.5a, left a thin free-standing silicon 
membrane. The SiNx top-side layer was then removed using RIE (Figure 2.5b). The 
samples were then coated via UHV sputtering with Ag at Max Planck to 500 nm 
thickness following a recipe proven to create a single crystal film. The Ag/Si 
membrane composite was submerged in the KOH wet etch process again to remove 
the silicon underneath the Ag film. Any exposed silicon around the perimeter of the 
chip was protected with Apiezon W wax as an added precaution. The wax was 
removed with toluene after the silicon underneath the film was etched. 
 
Figure 2.5 Single crystal process flow 
2.3 Thin film characterization techniques 
The bulge test samples required a multitude of laboratory test techniques to 
classify the microstructure, composition, and geometry of each deposited metal film. 
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The following sections will introduce the lab techniques used to parameterize each 
film. 
2.3.1 Film thickness measurements 
The bulge test measures a hoop stress in each metal film (Section 2.4) which 
depends strongly on the thickness of the sample. Sub-micron film thickness 
measurements can be attained through a variety of techniques. If density  is known, 
and film mass m and deposition area A are measured, the thickness can be estimated 
by 𝑡 =
𝑚
(𝐴∗𝜌)
 . Other straightforward techniques include mechanical and optical 
profilometry methods that measure the step height from film surface to substrate. If a 
cross section of the film can be made by breaking the substrate or milling through the 
film using conventional FIB techniques, most SEMs can measure the film thickness 
with high accuracy.  
For this research, the most-used method for thickness determination was the 
X-Ray Reflectance (XRR) technique (Panalytical Empyrean XRD Unit). This non-
destructive technique accurately measures low-roughness films up to about 500 nm 
which is within the range needed for these particular specimens. An example 
measurement is shown in Figure 2.6, where the spacing of fringes correlates to the 
thickness of the film. The interesting feature of this technique is that it can also 
determine information about buried layers, such as the 10 nm adhesion layer 
underneath a 100 nm copper film as was the case for Figure 2.6. 
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Figure 2.6 XRR thickness measurement example 
 
 
2.3.2 Crystallinity and texture analysis 
The sputtering process tends to generate highly textured metallic films. Most 
FCC materials will orient in a (111)-oriented fiber texture. The extent of texturing can 
affect the anisotropic properties of the film, and specifically the time-dependent 
mechanical properties for this body of work. To measure texture an X-ray Diffraction 
(XRD) gonio powder scan was performed on each metal film using the Panalytical 
Empyrean XRD unit, scanning from 20° to 80° 2-theta. Each FCC metal had four or 
five low order planes that would diffract within this range. The relative peak 
intensities were then compared to bulk polycrystalline powder scans to determine the 
relative texturing extent. 
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The single crystal Ag film can be thought of as an extremely textured film. 
This film had large enough grains (i.e. one) to be a candidate for Electron Backscatter 
Diffraction (EBSD) studies, whereas all the polycrystalline films were finer than the 
resolution limit of the EBSD technique. The Ag single crystal film was measured via 
EBSD analysis and XRD texture analysis to determine the orientation of the single 
crystal film. 
2.3.3 Dislocation density measurements 
2.3.3.1 CMWP XRD method 
The two prominent X-ray line profile analysis techniques used to determine 
dislocation density are a line broadening evaluation technique known as the 
Williamson-Hall method [75] and a Fourier transform of the line broadening by 
Warren-Averbach [76]. Recent methods to build on these techniques have been 
developed including Multiple Whole Profiling (MWP) fitting and Convolutional 
Multiple Whole Profile (CMWP) fitting [77,78]. The CMWP method allows XRD 
patterns to be evaluated in terms of crystallite size, dislocation densities, and 
dislocation character. It is deconvoluted from instrumental effects and any 
overlapping peak effects that hinder MWP fitting methods. The raw XRD 2-theta data 
is fit to the following equation:  
 𝐼𝑡ℎ𝑒𝑜𝑟𝑒𝑡𝑖𝑐𝑎𝑙 = 𝐵𝐺(2𝜃) +  ∑ 𝐼𝑀𝐴𝑋
ℎ𝑘𝑙 𝐼ℎ𝑘𝑙(2𝜃 − 2𝜃0
ℎ𝑘𝑙)
ℎ𝑘𝑙
 
(2.2) 
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Where 𝐵𝐺(2𝜃) is the background signal, 𝐼𝑀𝐴𝑋
ℎ𝑘𝑙
 is peak intensity, 2𝜃0
ℎ𝑘𝑙  is the peak 
center and 𝐼ℎ𝑘𝑙  is the portion of the signal containing broadening effects from 
instrument effects, crystallite size, and dislocation density, and any planar faults: 
 𝐼ℎ𝑘𝑙 = 𝐼𝑖𝑛𝑠𝑡𝑟.
ℎ𝑘𝑙 + 𝐼𝑠𝑖𝑧𝑒
ℎ𝑘𝑙 + 𝐼𝑑𝑖𝑠𝑙.
ℎ𝑘𝑙 + 𝐼𝑝𝑙 𝑓𝑎𝑢𝑙𝑡𝑠
ℎ𝑘𝑙  (2.3) 
The fitting parameter for 𝐼𝑑𝑖𝑠𝑙.
ℎ𝑘𝑙  provides the dislocation density for the material 
being tested. An online, front-end CMWP fitting program was used in this work to 
evaluate the dislocation densities of each metal film. (eCMWP, 
http://csendes.elte.hu/cmwp/) An example fitting trace is shown in Figure 2.7. The 
measured data (green) is fit using equation (2.2) as shown by the red trace. The error 
shown in blue is the difference between measured and fit data. 
 
Figure 2.7 Example CMWP fitting function of thin film XRD 2-theta scan 
For the CMWP analysis a hybrid monochromator was used to attenuate Kα2 
incident x-rays from the Cu X-ray source leaving only 0.150598 nm Kα1 impinging 
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on each sample. A ½° divergence slit and 4 mm mask were used on the incident beam 
and a PIXcel3D detector with 0.04 rad soller slit on the diffracted beam. It is common 
to correct for instrument broadening in CMWP analysis but this procedure is not 
necessary in sputtered thin films [79]. 
2.3.3.2 TEM measurements using Ham’s method 
To compliment the CMWP XRD measurements, a site-specific dislocation 
density measurement was performed using TEM imaging. Plan view samples were 
made by carefully removing a sputtered thin film from the substrate with tweezers 
and attaching it to a 90° SEM sample mount with conductive copper adhesive, as 
shown in Figure 2.8. An extraction needle was used to remove a portion of the metal 
film, followed by a FIB-thinning process to create a TEM transparent foil. The 
thickness of the foil was measured by rotating the sample mount so the film thickness 
was oriented edge-on to the incident SEM beam.  
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Figure 2.8 Plan view sample mount for TEM study 
 Ham’s intersection method was used to measure the dislocation density of a 
specific grain using TEM images that meet dislocation diffraction conditions [80]. A 
mesh is superimposed over a grain that meets dislocation contrast requirements. The 
total length (L) of the mesh is measured using ImageJ software. The number of 
intersections (m) between the mesh and dislocation lines are counted, also using 
ImageJ. Knowing the foil thickness (t), the dislocation density can then be estimated 
using: 
 
𝜌 =
2𝑚
𝐿𝑡
 (2.4)  
A schematic of the Ham method is shown in the work by Miyajima in Figure 2.9 [81]. 
The red circles represent the intersection of dislocation lines with the overlaid mesh 
on a single grain of interest.  
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Figure 2.9 Ham's intersection method for TEM dislocation density analysis [81] 
2.3.4 Electron microscopy 
Electron microscope techniques were used extensively for imaging in this 
work. Field Effect Scanning Electron Microscopes (FESEM) used to measure plan-
view grain size include the Zeiss Leo 1550 VP and FEI Scios SEM/FIB dual-beam. 
The average grain size was measured using the lineal intercept method as described in  
ASTM standard E112-13. 
The Focused Ion Beam (FIB) beam of the Scios SEM was used for cross 
sectional imaging and TEM sample prep. 
A JEOL 2000 and JEOL 1200x were used to image both cross sectional and 
plan-view TEM images of sputtered films. Dislocation density calculations were 
performed on TEM images tilted in such a way to permit dislocation line contrast. 
Additional SEM techniques such as Energy Dispersive Spectroscopy (EDS) 
and EBSD were used to compliment the imaging studies. EDS was used to verify the 
< 1wt % concentration of Mg in the Al-Mg alloy film. EBSD was unsuitable for grain 
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mapping of polycrystalline thin films due to the fine grain structure, but was used to 
determine the crystal structure of the single crystal film.  
2.4 Bulge test technique overview 
2.4.1 Gas pressure bulge test 
The time-dependent mechanical properties of all thin films presented in this 
work were measured using the bulge test method [7,42,44]. This method utilizes gas 
pressure to bulge or inflate a thin film from one side, while measuring the deflection 
capacitively on the opposite side. For the Lehigh system this capacitive measurement 
necessitates that the film is conductive, or a very thin metallic coating can be applied 
as long as it doesn't influence the behavior.  The bulge sample is situated at the 
intersection of two vacuum chambers as shown in the cross-sectional schematic of 
Figure 2.10. Both vacuum chamber 1 and 2 are pumped to millitorr range and isolated 
from each other via Valve 2. 
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Figure 2.10 Experimental setup of bulge system 
An enlarged view of the sample holding unit of the bulge system is shown in 
Figure 2.11. A series of springs (not shown) apply downward pressure on the printed 
circuit board, Be-Cu spacer layer, and bulge sample against the O-ring seal. This seal 
isolates one vacuum chamber from the other. The circuit board contains a 6 mm by 6 
mm square metal contact that acts as the fixed electrode of the bulge capacitor. This 
bulge unit contains a coiled heater (www.watlow.com, 0.125’’ dia, 24’’ long, 30 
W/in2 cable heater) that allowed the bulge testing up to a maximum of 100 °C. 
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Figure 2.11 Enlarged bulge test setup with callouts 
A pressure of N2 gas was applied into vacuum chamber 1 via an MKS 
solenoid valve. The pressure differential causes the film, which is at the interface 
between to vacuum chambers, to inflate or bulge. The applied pressure is measured 
by a capacitive pressure gauge (Baratron 0-1000 torr range) and controlled by a MKS 
Type 250 unit. A Labview PID (proportional-integral-derivative) feedback program 
controls the MKS gas inlet valve to reach a desired bulge pressure as measured by the 
Baratron pressure gauge. 
2.4.1.1 Bulge lock-in measurement: 
The Lehigh bulge unit measures film deflection via a sensitive capacitance 
measurement. This measurement is accomplished by comparing the output current of 
a bulge capacitor (C0) against a reference capacitor (C), using a lock-in amplifier to 
collect and amplify the signal (Vlock-in) to the Labview controlling program (Figure 
2.12).  
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Figure 2.12 Bulge capacitor data collection method 
As pressure is applied to bulge the thin film, the capacitance increases by 
closing the gap between the fixed electrode and the curved film. The increase in 
capacitance is compared against the reference signal and is measured via the lock-in. 
This lock-in signal is the summation of the bulge and reference capacitor currents 
(Ioutputs) multiplied by a k constant: 
 𝑉𝑙𝑜𝑐𝑘−𝑖𝑛 = 𝑘 ∙ 𝐼𝑜𝑢𝑡𝑝𝑢𝑡 = 𝑘(𝑈 ∙ 𝐶 − 𝑈0 ∙ 𝐶0) (2.5) 
where U or U0 is the function generator voltage and C or C0 is the capacitance. When 
the signals from each capacitor are equal, the output signal from the pre-amp is zero 
due to constructive interference. In this case of electrical balance (Vbalance) the 
following holds true: 
 
𝐶0 =
𝐶 ∙ 𝑈
𝑈0
 (2.6) 
This balance condition is shown graphically in Figure 2.13. A linear increase in lock-
in signal is measured as the system shifts from either side of the balance conditions. 
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Figure 2.13 Bulge k constant extraction 
By holding the function generator signal on the bulge capacitor constant (U0 = 
1 V), it is possible to extract the k constant for the bulge set up by measuring the 
change in lock-in signal (∆Vlock-in) with changes in voltage on the reference capacitor 
function generator (∆U): 
 𝑉𝑙𝑜𝑐𝑘−𝑖𝑛,2 − 𝑉𝑙𝑜𝑐𝑘−𝑖𝑛,1 = 𝑘[𝐶(𝑈2 − 𝑈1) − 𝐶0(𝑈02 − 𝑈01)] (2.7) 
Since C was set at 1.046 pF we can calculate k: 
 ∆𝑉𝑙𝑜𝑐𝑘−𝑖𝑛
∆𝑈
= 𝑚 = 𝑘 ∙ 𝐶 (2.8) 
Now that k has been calculated for the bulge setup, bulge experiments will require 
only the collection of the Vlock-in to determine how the bulge capacitance (Co) is 
changing with applied pressure. 
2.4.1.2 Variable capacitance measurement: 
A typical capacitor consists of two planar electrodes of area A separated by an 
electrode gap, d: 
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𝐶 = 𝜀0
𝐴
𝑑
 (2.9) 
Where ε0 = 8.85*10-12 F/m. A bulged film produces one electrode that has curvature, 
and this curvature changes depending on the applied pressure. To account for this 
non-standard capacitance an integration of electrode gap d was needed. Figure 2.14 
provides an overview of the curved bulge electrode and all mathematical relations 
used to measure bulge capacitance. This figure incorporates important bulge system 
dimensions such as fixed electrode edge length (b), electrode spacing (B), membrane 
width (D), bulge height (H), bulge curvature (R), and film thickness (t). 
 
Figure 2.14 Variable capacitance a) bulged film b) cross section and c) 
mathematical relations 
The height of any given point along the bulged film can be calculated using: 
 
𝑦(𝑥) = √𝑅2 − 𝑥2 − √𝑅2 − (
𝐷
2
)
2
 (2.10) 
By integrating the variable capacitance gap across the full width (D) of the membrane 
we can calculate the capacitance of the bulge system: 
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𝐶0 = 𝜀0𝑏 ∫
𝑑𝑥
𝐵 − 𝑦(𝑥)
𝐷
2
−𝐷
2
 (2.11) 
This integration then yields: 
 
𝐶0 = 4𝜀0𝑏
√4𝑅2 − 𝐷2 ∙ tan−1 (
𝐷
√4𝐵√4𝑅2 − 𝐷2 − 𝐷2
)
√4𝐵√4𝑅2 − 𝐷2 − 𝐷2
 
(2.12) 
It also follows from Figure 2.14c that the height of a bulged film is related to the 
radius of curvature (R) and the width of the membrane (D) in the following way: 
 
𝐻 = 𝑅 − √𝑅2 −
𝐷2
4
 (2.13) 
A measured change in Vlock-in corresponds to a change in capacitance of the bulge 
capacitor: 
 𝑉𝑙𝑜𝑐𝑘−𝑖𝑛,2 − 𝑉𝑙𝑜𝑐𝑘−𝑖𝑛,1 = ∆𝑉 = 𝑘(𝑈0∆𝐶0) (2.14) 
This change is proportional to a change in height of the bulge membrane: 
 ∆𝐶0 ∝ ∆𝐻 (2.15) 
With known geometric constants D, b, and B we can plot arbitrary bulge heights (H) 
against a change in bulge capacitance (C0) across a range of curvatures (R). 
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Figure 2.15 Bulge height vs dC fitting 
 
A four-term fitting function of the following form was used to describe this 
relationship: 
 𝐻(𝑑𝐶) = 𝐴(𝑑𝐶)4 + 𝐵(𝑑𝐶)3 + 𝐶(𝑑𝐶)2 + 𝐷(𝑑𝐶) (2.16) 
2.4.1.3 Converting electrical signal to film mechanics 
The bulge experiment converts a lock-in voltage signal into a change in 
capacitance which is proportional to the height of the bulged membrane (H). This 
term is the key for extracting the stress and strain state of the bulged film. If plane 
strain conditions (Section 2.4.2.2) are present in a bulged film, the required deflection 
pressure, film stress, and film strain can be calculated using H [41]. The bulge 
pressure for a rectangular film is: 
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𝑃 = 2𝜎0𝑡
𝐻
𝑎2
+
4𝑀𝑝𝑠𝑡𝐻
3
3𝑎4
 (2.17) 
Where a = D/2, σ0 = residual biaxial stress, and Mps = plane strain modulus. The 
Lehigh bulge system required a correction factor when using equation (2.17) to 
convert measured bulge height H into a P. This correction factor accounted for how 
tight the bulge user clamped down the spring-loaded system during sample mounting. 
This correction factor ( −∆𝐻𝑐𝑜𝑟𝑟𝑒𝑐𝑡𝑖𝑜𝑛 ) calibrated the height data to a simulated 
response and typically varied between 10 and 20%. This correction is shown in 
Figure 2.16. 
 
Figure 2.16 Bulge data height correction factor a) as-measured and b) calibrated 
The hoop stress is then given by: 
 
𝜎𝑥𝑥 =
𝑃𝑎2
2𝐻𝑡
 (2.18) 
The film strain is calculated in the following manner: 
 
𝜀𝑥𝑥 =
2𝐻2
3𝑎2
+ 𝜀0 (2.19) 
Where ε0 is the residual plane strain of the film. By plotting σxx vs (εxx – ε0) we can 
determine the stress-strain condition of a bulged film [44]. 
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𝜎𝑥𝑥 = (
𝐸
1 − 𝜈2
) (𝜀𝑥𝑥 − 𝜀0) + 𝜎0 (2.20) 
 
  
This stress-strain condition is plotted in Figure 2.17. The blue line represents the 
residual stress that is present in an as-deposited thin film and the red lines are the 
hoop stresses generating during bulge experiments. The dashed red lines represent 
strains where the film plastically deforms and then is unloaded elastically. The 
difference in elastic slopes is due to the difference in loading; residual stress is equal-
biaxial so the biaxial modulus E/(1-) applies, whereas during bulge testing the stress 
is plane strain so the appropriate elastic modulus is E/(1-2). All films presented in 
this study were bulged well within the elastic limit, mostly to ~ 0.1% strains, and so 
the dashed region (plastic) is not considered further. 
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Figure 2.17 Stress-strain condition of bulged film 
2.4.1.4 Labview feedback control 
All bulge experiments required a pressure ramp loading/unloading test and an 
iso-strain relaxation test. The bulge height (H) is controlled by adjusting calculated 
capacitance (C) with a change in gas pressure (∆P) through the MKS gas inlet valve. 
The Labview program estimates the electrode spacing as ( 𝐵 −
2
3
𝐻 ).   Thus, a 
capacitance for a given height is recorded as: 
 
𝐶 = 𝜀0
𝑏𝐷
(𝐵 −
2
3 𝐻)
 (2.21) 
Converting to a height estimate: 
 
𝐻 =
3
2
(𝐵 −
𝜀0𝑏𝐷
𝐶
) (2.22) 
After performing a pressure ramp test the residual stress (σ0) and plane strain 
modulus (Mps) are extracted. These terms can then be inserted into the Labview 
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feedback control for an iso-strain (relaxation) test. A constant height is maintained by 
small changes in pressure to account for stress relaxation: 
 
∆𝑃 = (
8𝑡𝜎0
𝐷2
+
64𝑡𝑀𝑝𝑠𝐻0
2
𝐷4
) ∙ ∆𝐻 (2.23) 
The small changes in height (∆H) are related to the small changes in capacitance that 
will be measured by changes in the lock-in voltage: 
 
∆𝐻 = (𝐻0 − 𝐻1) =
3
2
∙ (
𝜀0𝑏𝐷
𝐶1
−
𝜀0𝑏𝐷
𝐶0
) (2.24) 
2.4.2 Bulge conditions and assumptions 
2.4.2.1 Composite film considerations 
All films tested in this study are metal-SiNx composites. The amorphous SiNx 
layer is used as an etch stop during microfabrication and as a substrate for metal 
deposition. The SiNx baseline properties were determined by lightly coating (< 10 
nm) an etched, free-standing SiNx membrane with a conductive metal. After 
performing a series of bulge loading and unloading tests, the properties of the nitride 
film were extracted. They are summarized in Table 2.2. 
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Table 2.2 SiNx mechanical properties 
 All of the bulge stress-strain relations listed in Section 2.4.1 are for the 
composite film. Since the amorphous SiNx layer will not show relaxation behavior 
and exhibits purely elastic deformation for the range of strain used in this study, it is 
possible to extract the SiNx fractional contribution from the composite. By knowing 
the thickness of the metal film, it is also possible to calculate the residual stress of the 
metal (σmetal) after measuring the residual stress of the composite film (σcomposite) 
during a bulge ramp test: 
 
𝜎𝑐𝑜𝑚𝑝𝑜𝑠𝑖𝑡𝑒 =
𝜎𝑚𝑒𝑡𝑎𝑙𝑡𝑚𝑒𝑡𝑎𝑙 + 𝜎𝑆𝑖𝑁𝑥𝑡𝑆𝑖𝑁𝑥
𝑡𝑚𝑒𝑡𝑎𝑙 + 𝑡𝑆𝑖𝑁𝑥
 (2.25) 
The plane strain modulus can be extracted in a similar manner: 
 
𝑀𝑐𝑜𝑚𝑝𝑜𝑠𝑖𝑡𝑒 =
𝑀𝑚𝑒𝑡𝑎𝑙𝑡𝑚𝑒𝑡𝑎𝑙 + 𝑀𝑆𝑖𝑁𝑥𝑡𝑆𝑖𝑁𝑥
𝑡𝑚𝑒𝑡𝑎𝑙 + 𝑡𝑆𝑖𝑁𝑥
 (2.26) 
 
2.4.2.2 Necessary plane strain conditions for bulge test 
Plane strain conditions in a bulged rectangular film can only be met if the 
length to width aspect ratio is 4:1 or greater [41]. To meet this requirement and ensure 
plane strain conditions in the bulged capacitor area, the freestanding portion has a 
length of 12 mm and width of 3 mm, Figure 2.2b. The plane strain, or hoop, 
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conditions will be met in the central region of the length of the film and will be 
violated near the ends of the long ends. The 6 mm by 6 mm fixed electrode is situated 
to only measure within the hoop stress conditions and avoid the more complex stress 
conditions near the ends of the rectangular film. 
Once hoop stress conditions are met the following assumptions are made: 
 𝜀𝑐, 𝜀𝑡, 𝜎𝑐, 𝜎𝑙 ≠ 0; 𝜀𝑙, 𝜎𝑡 = 0 (2.27) 
The strains in the film are graphically depicted in Figure 2.18. 
 
Figure 2.18 Hoop strain schematic in bulged film 
The longitudinal strain is zero due to geometric 4:1 aspect ratio: 
 
𝜀𝑙 = 0 = (
1
𝐸
) 𝜎𝑙 + (
−𝜈
𝐸
) 𝜎𝑐 + (
−𝜈
𝐸
) 𝜎𝑡 (2.28) 
This allows a simple relation between stresses: 
 𝜎𝑙 = 𝜈𝜎𝑐 (2.29) 
Plugging into the hoop strain equation: 
 
𝜀𝑐 = (
1
𝐸
) 𝜎𝑐 + (
−𝜈
𝐸
) 𝜈𝜎𝑐 + (
−𝜈
𝐸
) 𝜎𝑡 (2.30) 
And finally converting to hoop strain with plane strain modulus: 
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𝜎𝑐 = (
𝐸
1 − 𝜈2
) 𝜀𝑐 = 𝑀𝑝𝑠𝜀𝑐 (2.31) 
2.4.2.3 Bulge testing @ 80 °C 
All bulge tests for this work were performed at 80 °C which was controlled by 
a Cole Palmer J-Type heater controller. This controller applied DC voltage to the 
Watlow coiled heater until the bulge test fixture was heated to a stable 80 °C, which 
usually took about an hour with the chamber under roughing vacuum conditions. Two 
thermocouples monitored the temperature of the bulge test, one on the heater itself 
and one on the Be-Cu spacer surface, which was the closest a thermocouple could be 
mounted to the bulge film sample. The purpose of running all tests at elevated 
temperature was to maximize the relaxation extent for each film so trends would be 
more apparent. Prior work has shown increased viscoelastic relaxation at elevated 
temperatures [7]. 
2.4.3 Bulge ramp and relaxation testing 
The bulge test method requires two experimental tests to measure the 
relaxation behavior of thin metallic films. The strain control and measured stress 
response for each are depicted in Figure 2.19. The first test is a "ramp test" where the 
film is strained just beyond the 0.1% (ε = 0.001) iso-strain relaxation point and 
quickly unloaded (Figure 2.19a,c). This ramp is performed at 4 torr/s using the 
Labview controlling program, corresponding to a hoop strain rate of approximately 
5 × 10−5𝑠−1 for each bulge test. The extracted data is converted into a stress-strain 
response and film properties can be extracted: specifically, the residual stress (σ0) and 
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the plane strain modulus (Mps). The residual stress is determined as a y-intercept of 
the stress axis and the modulus is calculated from the linear slope of the unloading 
segment. 
 
Figure 2.19 Bulge ramp and iso-strain test. Strain response for a) ramp and b) 
relaxation test. Stress response from c) ramp and N.M. decay during d) 
relaxation test. 
The second test for each film is a stress relaxation test, where the film is 
loaded up to the iso-strain condition of 0.1%, held for 10,000 seconds, and then 
unloaded (Figure 2.19b,d). During the holding period the Labview feedback loop 
maintains the bulge height (H) by controlling the pressure allowed through the MKS 
inlet valve. The metallic film relaxes, and the drop in stress is recorded with time. The 
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plane strain modulus decays with time 𝑀𝑝𝑠(𝑡) =
𝜎(𝑡)
𝜖
 and can be normalized by 
dividing by the initial, unrelaxed modulus, 𝑀𝑝𝑠(𝑡 = 0) =
𝜎(𝑡=0)
𝜖
 
 
Figure 2.20 Typical bulge test results from viscoplastic (VP) to viscoelastic (VE) 
Figure 2.20a,b depicts the typical stress-strain and stress-time responses for 
FCC metal films undergoing 0.1% iso-strain relaxation testing. Each film is tested 
once per day with ~ 24 recovery period between tests. Initially a combined 
viscoplastic and viscoelastic response is present in each metal film. By the fourth day 
a steady state, purely viscoelastic response is measured in each metal film. A bulge 
operation would follow Figure 2.20c until the stress relaxation responses overlapped 
and the film reached steady state conditions as seen between the overlapping 
relaxation curves in Figure 2.20b. 
  
 76 
3. Grain size dependence in FCC metal films 
Conventionally, fine-grained materials are highly resistant to plastic 
deformation due to a very high density of grain boundary/dislocation interactions, as 
described by the Hall-Petch relation. This strengthening mechanism is independent of 
other mechanisms like solid solution strengthening and work hardening. While the 
Hall-Petch effect is known to apply to thin films with regard to calculation of yield 
strength, it is not known if this same mechanism affects viscoelastic stress relaxation. 
This portion of the study is designed to determine if a similar intrinsic grain size 
effect is present in metallic thin films under anelastic stress conditions. Toward this 
end, the stress relaxation behavior of five face centered cubic metals is investigated 
by bulge testing at a test temperature of 80 °C. The five FCC metal films are Ag, 
Al(Mg), Au, Cu, and Pt. The grain size was varied from tens of nanometers to many 
hundreds of nanometers by adjusting the substrate temperature during deposition.  
Ideally, only the grain size of the films would be affected by changing 
deposition temperature, thereby unambiguously correlating any changes in relaxation 
to grain size. Unfortunately, elevated temperature deposition can cause changes in 
surface roughness (e.g., from grain boundary grooves) and crystallographic texture. 
Also, metal films undergo thermal contraction upon cooling from an elevated 
deposition temperature. When adhered to a silicon substrate, significant thermal 
stresses can be generated that cause room temperature residual stresses and possibly 
even plastic deformation. Thus the potential differences in roughness, texture, 
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residual stress, and dislocation structure among the films must be evaluated and their 
potential influences on relaxation must be assessed. Only then can the effects of grain 
size on relaxation be clearly identified. 
3.1 Polycrystalline films 
The primary area of research in this study is comparing viscoelastic 
deformation behavior of sub-micron FCC metal films produced via the sputtering 
process. This deposition process typically produces polycrystalline, columnar films 
and nearly all of the specimens used in this investigation will be of this configuration. 
The substrate temperatures during sputtering were varied from 100 °C to a max of 
500 °C. The range of temperatures chosen depended on three factors. The first factor 
was how close the process temperature was to the metal’s melting temperature, 
generally keeping the maximum temperature below half Tmp (in Kelvin units). The 
second factor was to select only process temperatures where the deposited metal 
surface roughness was smooth and maintained an approximate mirror finish, thus 
minimizing any potential effect of grain boundary grooving on stress relaxation. The 
temperature at which roughness was considered an issue was determined 
experimentally through trial and error. The last temperature concern was to prevent 
sputter chamber damage when depositing high melting point materials (e.g. Pt). A 
substrate temperature of 500 °C was selected as the safest practical maximum 
temperature before risk of damaging sputter system components. 
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3.1.1 Characterization of grain structure 
The characterization of each film requires electron microscopy (SEM & TEM) 
and X-ray diffraction (XRD) techniques. The following subsections will present the 
results of these characterization techniques for each FCC metal film. 
3.1.1.1 SEM microscopy 
The columnar nature of sputter deposition means the grain size can be 
represented by a diameter of the x-y surface of each film. These plan-view surfaces 
were recorded for all metals in this study and are presented below [Ag (Figure 3.1), 
Al(Mg) (Figure 3.2), Au (Figure 3.3), Cu (Figure 3.4), and Pt (Figure 3.5)]. Each 
image was taken using a Zeiss 1550 Field Effect Scanning Electron Microscope 
(FESEM) with an in-lens secondary electron (SE) detector. The magnification varies 
between 10,000X to 75,000X. 
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Figure 3.1 Ag film plan view SEM images 
a)  Ag @ 100C 
 
b) Ag @ 125 C 
 
c) Ag @ 150C 
 
d) Ag @ 175C 
 
e) Ag @ 200C 
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Figure 3.2 Al(Mg) film plan view SEM images 
a)   Al (Mg) @ 100C 
 
b)  Al (Mg) @ 150C 
 
c) Al(Mg) @ 200C 
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Figure 3.3 Au film plan view SEM images 
a)   Au @ 100C 
 
b)  Au @ 175C 
 
c) Au @ 300C 
 
d) Au @ 400C 
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Figure 3.4 Cu film plan view SEM images 
a)   Cu @ 100C 
 
b)  Cu @ 200C 
 
c) Cu @ 300C 
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Figure 3.5 Pt film plan view SEM images 
a)   Pt @ 150C 
 
b)  Pt @ 200C 
 
c) Pt @ 300C 
 
d) Pt @ 500C 
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3.1.1.2 Lineal intercept average grain size 
The grain size information was extracted from each plan-view image using the 
ImageJ software package. Four lines were drawn across each image, counting the 
grain boundary intersections with each line. The average grain size, D, could be 
estimated as a circular diameter following the calculation of 𝐷 =
𝐿𝑖𝑛𝑒 𝐿𝑒𝑛𝑔𝑡ℎ
𝐺𝐵 𝐼𝑛𝑡𝑒𝑟𝑠𝑒𝑐𝑡𝑖𝑜𝑛𝑠
. This 
follows the lineal intercept method of ASTM E112-13. An example image with four 
intercept lines is shown in Figure 3.6. 
 
Figure 3.6 Example ImageJ procedure using modified lineal intercept method 
The results of each metal average grain size measurement are tabulated in 
Table 3.1. The grain size is plotted against sputtering temperature in Figure 3.7. Each 
FCC metal shows a linear increase in grain size with sputter temperature. The Au and 
Pt film could be sputtered at relatively higher temperatures because they maintained 
smooth surface finishes during high temperature deposition while Ag, Al(Mg), and 
Cu films began to roughen above the maximum temperatures listed in Table 3.1. 
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Table 3.1 Average grain size for all FCC metal films 
 
 
Figure 3.7 Average grain size measurements with sputtering temperature 
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3.1.1.3 FIB analysis 
The Focused Ion Beam (FIB) of a Scios SEM/FIB dual beam was used for 
creating TEM samples (Section 3.1.1.4) and for verifying the columnar nature of 
grain growth for the FCC film set of this study. Figure 3.8 shows the cross-sectional 
FIB images taken for coarse-grained polycrystalline metals and the single crystal 
film. Columnar growth is evident for each film from SiNx (bottom of each figure) 
substrate to the film surface on the top. It is also clear from these images that the 
Al(Mg) and Pt films show no evidence of growth twinning, Au and Cu films show 
moderate twinning, and Ag polycrystalline films show the highest density of 
twinning. The single crystal film shows a mostly single crystal film with some twins. 
The qualitative amount of growth twinning depends on the stacking fault energy 
(SFE) of the depositing species with the lower SFE materials (Au, Cu, Ag) having the 
highest twin densities, as expected [27,82]. 
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Figure 3.8 FIB cross sections a) Al(Mg) b) Pt c) Au d) Ag e) Cu f) Ag single 
crystal. Scale bars 500 nm (small) and 1 micron (large) 
3.1.1.4 TEM analysis 
Transmission electron microscopy (TEM) was used to study dislocation 
density and to analyze the cross-sectional and plan-view images at a finer scale than 
can be achieved via SEM imaging. Plan view TEM images of the Al(Mg) samples are 
shown in Figure 3.9. The Al(Mg) foils were thinned to about 150 nm thick, which 
was sufficient for 120 kV electron transmission. The Al(Mg) 100 °C fine sample and 
200 °C coarse sample are shown in this figure at the same magnification. The grain 
size difference is obvious, and there is no evidence of growth twins seen in either 
sample. This matches the lack of twin formation evidence as seen in SEM imaging of 
the high-SFE aluminum samples. 
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Figure 3.9 Plan View Al(Mg) TEM images of a) 100 °C b) 200 °C. Scale bar 500 
nm 
Au plan view TEM samples are shown in Figure 3.10, with a Au 100 °C fine 
sample and a Au 400 °C coarse sample. These samples were thinned to about 50 nm 
to allow for 200 kV electron transmission in the TEM. Twins are evident in both 
films with a few growth twins clearly visible in Figure 3.10b. 
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Figure 3.10 Plan view Au TEM images of a) 100 °C b) 400 °C 
Cross-sectional TEM images were prepared for the three metal films with the 
lowest SFE: Ag, Au, and Cu. The comparison of these films is shown in Figure 3.11 
with the SiNx substrate on the bottom of each figure for reference. The Ag film 
appears to contain a higher density of growth twins than the Au and Cu, which have 
comparable densities of twins in these images. More in depth TEM work would be 
needed to quantify the twin density beyond the subjective analysis presented here. 
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Figure 3.11 Cross-sectional TEM images of a) Ag 200 °C b) Cu 200 °C and c) Au 
400 °C. Scale bars 100 nm 
3.1.1.5 Texture analysis 
During film growth, the nucleated adatom islands with the densest packed 
planes are the first to coarsen and consume other islands [23]. For FCC metals this 
typically leads to a preferred orientation with a higher fraction of one orientation than 
would be expected in a conventional polycrystalline material. The preferred 
orientation is known as texture, and many sputtered FCC films will have a (111)-fiber 
oriented texture. 
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The texture of all films was measured via XRD powder scans. An example of 
2-theta scans from each metal film is shown in Figure 3.12. As expected, each 
polycrystalline film shows a high intensity of the (111) peak relative to other crystal 
orientations. In several cases no other peak is visible. All polycrystalline films were 
deposited on amorphous SiNx so no epitaxially orientation is expected, and surface 
energy minimization should dominate. However, in Figure 3.12e, a (200) preferred 
orientation for the Ag single crystal film is shown. This film was grown epitaxially on 
(100) Si surface so a single crystal of this preferred orientation was expected. 
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Figure 3.12 XRD powder scans of FCC films a) Au b) Cu c) Ag d) Al(Mg) e) Ag 
single crystal and f) Pt 
The XRD powder scans can be further analyzed quantitatively to gain a more 
accurate measure of the texture. The diffracting crystal planes were determined using 
Bragg’s Law: 
 
𝑑ℎ𝑘𝑙 =
𝜆
2 sin 𝜃
 (3.1) 
Where the incident x-ray Cu Kα wavelength is λ = 0.1540598 nm. FCC metal 
extinction rules dictate that only planes with all odd or all even (hkl) indices will meet 
diffraction conditions so the {111} and {200} peaks will appear, but not the {100}. 
Knowing the lattice constant (a) for each material, the (hkl) reflections in the scans 
can be systematically identified using the following formula: 
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 𝑑ℎ𝑘𝑙 =
𝑎
√ℎ2 + 𝑘2 + 𝑙2
 (3.2) 
Diffraction intensity depends on {hkl} so even in a film with truly random 
grain orientations the peaks in a 2 scan will not be the same height. The peak 
intensities for each scan were therefore normalized by that of the (111) peak for that 
case for comparison to a random polycrystalline FCC bulk material that was 
normalized in the same way. This is shown in Figure 3.13 with the random standard 
shown in grey [83–85] plotted in arbitrary intensity units. The {200} intensities of the 
scans are all smaller than that of the random film, and the other orientations are nearly 
non-existent. Therefore all films show a predominant (111) texture, with the Au and 
Pt films having the highest relative ratio of  
(111)
(200)
. The Ag, Al(Mg), and Cu films are 
also highly (111) textured, but a considerable fraction of the grains in each film have 
other orientations as well. 
While there are differences in texture among the films, no large, systematic 
dependence on film type or deposition temperature was observed. It is therefore safe 
to assume that differences in relaxation are very unlikely to be caused by texture 
differences. 
 94 
 
Figure 3.13 Texture comparison between polycrystalline films (colors) and bulk 
standards (grey) 
 
3.1.2 Polycrystalline relaxation behavior 
To classify the time-dependent mechanical response of the FCC metal films a 
series of bulge tests was performed, once per day for a span of 3 or 4 days. The series 
of tests included an elastic loading ramp followed immediately by unloading to 
determine the residual stress (σ0) and plane strain modulus (Mps) of each film. The 
next test in the daily test series was the 3-hour relaxation test under a constant hoop 
strain of 0.1%. A sufficient anelastic recovery process of about 1 day (~24 hrs) was 
provided between each test series. All tests were performed at 80 °C by heating the 
bulge chamber with a resistive heater.  
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3.1.2.1 Conditioning to achieve a viscoelastic state 
As-sputtered metallic films have been shown to comprise both unrecoverable 
(viscoplastic, VP) and recoverable (viscoelastic, VE) components in low-strain 
environments [6,7]. By running the test series (ramp and iso-strain tests) once per day 
for a few days, it is possible to exhaust the viscoplastic component of stress relaxation 
and investigate solely the viscoelastic component. From a practical standpoint, a 
MEMS designer would need to design precautions for larger relaxations in early 
cycles (when VP and VE components are active) and plan for persistent, recoverable 
VE relaxation behaviors over the lifetime of the device. The following figures will 
describe a typical series of tests performed on a Au film. 
 96 
 
Figure 3.14 Typical elastic stress-strain response of FCC film over 4-day period 
The first part of each day’s test series, the elastic loading/unloading ramp, is 
shown in Figure 3.14. This figure represents a linear unloading segment of the full 
stress-strain curve. Four linearly elastic curves are displayed, one for each day. The 
slope of the line is the plane strain modulus and the y-intercept is the biaxial residual 
stress. As expected, the modulus for each film remains relatively constant from each 
test as indicated by the similar slopes. However, the residual stress is shown to decay 
from Day 1 to Day 2 until it reaches a nearly steady state between Day 3 and Day 4 as 
indicated by the similar intercepts in the later tests. The decreasing change of residual 
stress from one day to the next is due to the exhaustion of the viscoplastic component 
of relaxation. Most of this exhaustion typically occurs in the testing between Day 1 
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and Day 3, and only viscoelasticity remains from Day 3 onward. The hysteresis 
behavior depicted in the schematic of Figure 2.20a is reflected in the stress-strain 
plots of Figure 3.14. It can then be said that the film recovered fully after the Day 3 
ramp and iso-strain relaxation tests and performed nearly identically on Day 4. The 
Day 3 to Day 4 repetitive mechanical response is the core evaluation metric to 
compare viscoelastic relaxation behavior for all metal films in this work. 
 
Figure 3.15 Typical iso-strain relaxation response over 4-day period 
Typical iso-strain relaxation tests for each day are shown in Figure 3.15. The 
film is bulged to nominally 0.1% hoop strain and the stress relaxation is measured 
with time 𝜎ℎ𝑜𝑜𝑝(𝑡) = 𝑀𝑝𝑠(𝑡) ∙ (0.001). The relaxation of the modulus is normalized 
to the unrelaxed modulus (and labeled Normalized Modulus) and plotted in Figure 
3.15. The relaxation response of Day 1 is larger than the following days as this film 
has yet to exhaust the viscoplastic components of relaxation. By Day 3 and Day 4 
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only the viscoelastic component remains, as evidenced by the similar relaxation 
response for these two days. This also follows the schematic of Figure 2.20b,c.  
The steady state viscoelastic response of Day 4 in Figure 3.15 will be used for 
comparison among the five FCC metals discussed in this chapter. The modulus of the 
film (i.e., the stiffness) is highest at the beginning of an iso-strain test (t = 0 s, NM 
=1) and decays to a certain point at the end of the test where t = 10,000 s. The extent 
of modulus decay, or relaxation response metric, is as follows: 
 
𝐸𝑥𝑡𝑒𝑛𝑡 𝑜𝑓 𝑅𝑒𝑙𝑎𝑥𝑎𝑡𝑖𝑜𝑛 =
𝑀𝑝𝑠,(𝑡=10,000)
𝑀𝑝𝑠,(𝑡=0)
= 𝑁𝑀(𝑡=10,000) (3.3) 
Where Mps is the plane strain modulus and NM is the normalized modulus. This will 
be the comparison metric for evaluating the FCC metals under the same loading 
conditions. Another useful parameter is the percent relaxation of the film after 10,000 
seconds which is simply: 
 % 𝑅𝑒𝑙𝑎𝑥𝑒𝑑 = 100 ∙ (1 − 𝑁𝑀(𝑡=10,000)) (3.4) 
The logarithmic nature of the stress relaxation curves shown Figure 3.15 can 
be modeled using a 4-term Prony series, which is a sum of 4 exponential decay 
functions. All viscoelastic (VE) relaxation responses were fit using the following: 
 
𝑁𝑀(𝑡) = 1 − ∑ 𝑃𝑖 (1 − 𝑒
−𝑡
𝜏𝑖 )
4
𝑖=1
 (3.5) 
Where Pi is the i’th Prony constant and τi is the i’th time constant. The time constants 
were set at τ = 10, 100, 1000, and 10,000 seconds for each film. The time constants 
are not evenly spaced in time (i.e. every 2,500 s) and are more heavily weighted in 
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the early relaxation stages. This was done since the relaxation behavior is more rapid 
in the early stages and the fit is more accurate with this type of weighting strategy. 
The Prony constants are determined using least square fitting of Prony series 
equations to normalized modulus relaxation curves. 
 
Figure 3.16 Typical 4-term Prony series fit of viscoelastic relaxation curves 
Figure 3.16 shows a 4-term Prony series fit of the steady state viscoelastic 
relaxation from Day 4 in Figure 3.15. The red curve represents the Prony fit and the 
blue curve is the raw relaxation data from this iso-strain bulge experiment. The 
amount relaxed is also highlighted at the 10,000 second mark of this figure. 
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Figure 3.17 Steady state viscoelastic relaxation curves for all FCC metals 
a)  Ag 
 
b)  Al(Mg) 
 
c) Au 
 
d) Cu 
 
e) Pt
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Figure 3.18 Prony fits for viscoelastic relaxation 
a)  Ag 
 
b)  Al(Mg) 
 
c) Au 
 
d) Cu 
 
e) Pt 
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The steady state viscoelastic relaxation curves for each metal film are depicted 
in Figure 3.17. Each of these films went through the bulge test series, once per day, 
until only viscoelastic relaxation was measured. The sputtering temperature is called 
out next to each curve. The grain size is proportional to the sputtering temperature 
and so this figure shows that the relaxation of the Ag and Cu films is insensitive to 
increasing sputtering temperature (and grain size). The Al(Mg), Au, and Pt films 
appear to follow a trend of increasing relaxation with increasing grain size. Dashed 
black lines in the Al(Mg) and Cu curves represent spurious electrical malfunctions of 
the lock-in amplifier, where the data was unusable and was removed from the curve. 
Dummy data points were added to assist in the subsequent fitting. 
The bulge data from iso-strain relaxation tests is fit using the four term Prony 
series, using Equation (3.5). Fitting to a Prony series enables easier understanding of 
relaxation behavior by eliminating the presence of noise. All further bulge data curves 
will be presented as Prony fits to clarify the mechanical response. Figure 3.18 shows 
the Prony fits for all the relaxation curves from Figure 3.17. The curves are color 
coded, and an increase in color intensity indicates increased sputtering temperature 
(and grain size). The Prony series constants extracted from Figure 3.18 are tabulated 
in Table 3.2. 
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Table 3.2 Prony series constants for relaxation fit 
The comparison metric for viscoelastic behavior is extracted from the Prony 
fits for each film using Equation (3.3). This data point will be the primary means of 
evaluating any grain size effects in FCC metal films and a core facet of this work. 
This information along with other extracted film mechanical properties (Mps and σ0) 
are tabulated in Table 3.3. 
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Table 3.3 Extracted film mechanical properties from bulge test 
3.1.2.2 Residual stress trends 
Figure 3.19 shows the steady-state residual stress measured at 80 °C for each 
film type. The Pt residual stress is strongly dependent on Tdep, changing by over 450 
MPa from the lowest to the highest temperature. The Ag, Au, and Cu show a weak 
dependence, changing by 100 MPa or less, while the Al(Mg) shows no clear trend at 
all. The Ag and Au films deposited at lower temperatures are in compression due to 
the expansion of the metal films that took place when heating to 80 °C from room 
temperature. All of the films would be in tension at room temperature, as expected. 
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Figure 3.19 Steady-state residual stress at 80 °C as a function of sputter 
temperature 
By plotting the normalized relaxed modulus against the metal residual stress, 
as in Figure 3.20, it is apparent that the relaxation behavior of the Ag, Au, and Pt 
films has a negatively sloped linear trend with increasing residual stress. Thus, the 
highly-stressed Pt has a lower effective modulus than low-stress Pt, for example. At 
first glance this implies that increasing tensile residual stress enhances relaxation for 
three of the films and compressive stress contributes to relaxation resistance. This 
trend is not apparent for Al(Mg), but this may not be surprising since that set of films 
did not exhibit a clear trend of res vs. Tdep. The Cu films also failed to show a 
correlation which is more difficult to explain given that the residual stress rose with 
increasing Tdep just like the Ag, Au, and Pt. 
 106 
 
Figure 3.20 Relaxation behavior with film residual stress 
Despite the initial appeal of a model in which tensile residual stress aids the 
relaxation process, there are several reasons why this is very unlikely. First, prior 
work has shown that the metal film behavior obeys linear viscoelastic elasticity, 
which means that every applied stress contributes independently to the stress 
relaxation. This is incompatible with the concept of residual stresses driving 
relaxation as measured by the bulge test. Second is the lack of correlation between 
residual stress level and the measured Cu relaxation behavior. There is no obvious 
reason why Cu would behave differently than the other FCC metals on the list given 
that its melting point and stacking fault energy values are very similar to Ag and Au. 
The third, and final, problem with the residual stress model is the linear behavior of 
the Pt relaxation when the residual stress change was highly non-linear. If the residual 
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stress is driving relaxation, there should be a very large change in behavior of the Pt, 
particularly between the films deposited at 100 °C and 200 °C. All together, these 
issues support the idea that residual stress does not affect relaxation in any simple 
fashion. 
It should be noted that although some metal films are in a compressive state 
(negative σ0 value) at the 80 °C test temperature, the composite film is maintained in 
tension due to the SiNx layer which is always in a state of tension. The metal residual 
stresses of Table 3.3 were extracted using the rule of mixtures. 
3.1.2.3 Relaxation vs. grain size 
Given that differences in roughness, texture, and residual stress cannot 
account for the observed differences in relaxation, grain size and dislocation structure 
remain as the most likely factors. In a previous study of pure Au, the normalized 
modulus was found to scale linearly with D2. Here, a range of exponents is considered 
as there is no clear model to motivate a D2 proportionality, per se. The iso-strain 
relaxation extent (NMt = 10,000 s) is therefore plotted against various combinations of 
grain size, D, to the nth power where n ranges from n = -½, ½, 1, 2, 3. The case of n = 
-½ corresponds to a Hall-Petch trend while the other exponents are closer to the prior 
finding of n = 2.  
Cu and Ag failed to show a clear trend with Dn regardless of n. Linear 
regression assuming n = -½ and n = 3 was poor for the other three materials as 
expressed by the correlation coefficient, R2. The cases of n = ½, 1, and 2 showed 
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reasonable linear trends for the relaxation behavior of the Au, Al(Mg), and Pt films. 
Figure 3.21 shows the linear relationship between NM and Dn where n ranges from ½ 
to 2. Data from Table 3.1 and Table 3.3 was used to construct these plots. Figure 3.21 
suggests that Al(Mg), Au, and Pt films show a Dn relaxation response while Ag and 
Cu films appear to have relaxation behavior that is independent of grain size. 
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Figure 3.21 Relaxation behavior with Dn with a) n = ½ b) n = 1 and c) n = 2 
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The linear fits between relaxation and Dn grain size of Figure 3.21 shows 
certain trends among FCC metals that will be highlighted. The extraction of fitting 
parameters such as the slope and the R2 value of the linear fit is displayed in Table 
3.4. The grain size dependent metallic films (Al(Mg), Au, and Pt) have very similar 
slopes and high R2 values when fit to D1/2 suggesting this as a plausible linear 
relationship between relaxation and grain size. However, the fits when n = 1 and n = 
2 show high R2 values as well, suggesting a range of n values for FCC metals that 
show grain size dependence. This implies that some FCC metal films will show 
increased relaxation with grain size Dn, but not all FCC metals will have the same n 
values. For Al(Mg), Au, and Pt polycrystalline films the relaxation dependence is 
linearly proportional to Dn where n can range from ½ to 2. For Ag and Cu 
polycrystalline films, the relaxation behavior was shown to be independent of planar 
grain size. These results indicate that there is not a single, clear dependence on D that 
exists for all FCC materials. In turn, this implies that the mechanism behind the grain 
size effect is not an inherent feature of metallic materials like the Hall-Petch effect. 
Instead, it is likely that the changing grain size is accompanied by some other change 
in microstructure for the Al(Mg), Au, and Pt, but not for the Ag and the Cu. The 
likelihood of direct grain boundary strengthening is explored further in the next 
section. 
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Table 3.4 Linear slope fitting results of NMt=10,000s vs Dn 
3.2 Single crystal Ag 
The work from Section 3.1 demonstrated that some FCC metal films will 
show increased relaxation as the grain size is increased. As the grain size is increased 
the density of grain boundaries for a given area of film decreases. In Hall-Petch 
strengthening mechanisms a higher density of grain boundaries provides more 
obstacles for dislocation motion or more dislocation sources, hardening the material 
in high strain environments. As this relaxation behavior is thought to be controlled by 
dislocation motion, it follows that a higher density of grain boundaries could also 
harden the material in low strain environments such as in relaxation tests. The grain 
boundaries could act as dislocation pinning sites, mitigating the extent of dislocation 
motions and reducing the viscoelastic relaxation. It could be argued that the high 
density of growth twins in the Ag and Cu films make the effective grain size smaller 
than it would appear (although this doesn't explain the case of Au, which also has 
growth twins).  
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To explore this theory further, this part of the chapter will describe the 
relaxation behavior of a Ag film with essentially zero grain boundaries (i.e., single 
crystal) and very few growth twins. This will test the Dn proportionality trend of 
Figure 3.21 to its maximum by utilizing an extreme of the grain size where there are 
no grain boundaries or other interfaces that could block dislocation motion. An 
infinitely large grain size area is the point where the grain size becomes sufficiently 
large that it is considered as a single crystal within the 12 mm by 3 mm bulge 
specimen relaxation area. This is shown schematically in Figure 3.22. 
 
Figure 3.22 Single crystal relaxation hypothesis 
Deposition of a single crystal film generally requires elevated temperature 
(~1000 °C) and direct contact between the metal film and a single crystal substrate. 
Au was ruled out for high temperature single crystal film growth due to the high 
diffusion rate of silicon into gold below the eutectic temperature [86]. Others have 
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successfully grown single crystal Ag films to similar thickness ranges of this work 
[71,87] making it a promising candidate for iso-strain bulge testing. Ag does not have 
a low temperature eutectic with silicon and a negligible etch rate in KOH making it 
an ideal candidate for epitaxial growth on the silicon-based bulge test coupons that 
can also survive the harsh environment of wet etching. The epitaxial growth of single 
crystal Ag on (100) substrates of the bulge coupons follows the process steps of 
Figure 2.5. 
3.2.1 Characterization of single crystal film 
The plan-view and cross-sectional views of the single crystal Ag film were 
investigated in a similar manner to the polycrystalline films. In Figure 3.23a, a Zeiss 
in-lens SEM image shows the plan-view image of the Ag film to have a mottled 
contrast. Since the plan view images are inconclusive as to the presence or lack of 
grain boundaries, the FIB was used to verify the single crystal nature of the film, 
Figure 3.23b. No grain boundaries are evident in the cross-section, indicating that the 
Ag film appears to be single crystal. 
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Figure 3.23 Single crystal Ag film in a) plan-view and b) cross section. Scale bars 
1 micron. Twin depicted with arrow in b) 
To further classify the crystallinity of the Ag film, an XRD analysis was 
performed. The 2-theta scan of Figure 3.24 shows the comparison of this single 
crystal Ag film against a polycrystalline Ag film. The epitaxial nature of the single 
crystal Ag film is evident in the strong (200) texture measurement, which is 
reasonable for a film that was grown on a (100) plane of a silicon wafer. As some 
other crystal planes are present, notably the (111) orientation signal, it is more 
appropriate to classify the film as mostly (100) single crystal Ag with some mis-
oriented (111) grains. 
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Figure 3.24 Single crystal vs polycrystalline XRD scans 
Figure 3.25 compares the single crystal film texture against a bulk Ag 
polycrystalline standard, normalized by the intensity of the highest peak. In this figure 
the single crystal film is highly textured in the (200) orientation, signifying almost 
full epitaxial growth of a large (100) Ag grain on the (100) Si substrate. 
 
Figure 3.25 Single crystal Ag texture comparison 
Electron Back Scatter Detection (EBSD) was also performed on the Ag single 
crystal film. Figure 3.26 shows a plan view mapping and Inverse Pole Figure (IPF), 
which shows that across a large scan area (~15 μm X 15 μm), the Ag film is oriented 
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in the (100) configuration (red color coded). There are some areas that failed to index 
and others that showed a non-(100) orientation, but they are a minor fraction of the 
film surface. Note that the EBSD technique could only be used for the single crystal 
film as the polycrystalline films were too fine-grained to meet the resolution 
requirements of the incident SEM electron beam. 
 
Figure 3.26 Single crystal Ag film EBSD mapping 
3.2.2 Single crystal relaxation behavior 
The viscoelastic relaxation behavior (steady state, no viscoplastic) of the Ag 
single crystal film is compared against the polycrystalline Ag films in Figure 3.27. 
The single crystal behavior (red curve) relaxes to a lesser extent than all the 
polycrystalline films (grey curves). The Ag single crystal film did not follow the 
hypothesis of Figure 3.22, in which the lack of boundaries would be expected to 
increase relaxation. Thus it is proven that there is no inherent correlation between 
grain boundary density and the extent of relaxation. However, the measurement of 
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appreciable (non-zero) relaxation in the single crystal Ag strengthens the argument 
that the viscoelastic relaxation event is dominated by dislocation-based processes 
within the grains of each film and not at the grain boundary. Grain boundary sliding 
mechanisms suggested by others [51] are less likely to be contributing to the low-
strain deformation behavior measured in this work. If grain boundary mechanisms did 
dominate the relaxation behavior the Ag single crystal relaxation extent would be 
expected to be closer to zero due to a lack of grain boundaries in the microstructure. 
Likewise, the twin density appears to play little or no role. 
 
Figure 3.27 Viscoelastic relaxation behavior of Ag single crystal 
The single crystal relaxation behavior was also fit to a four term Prony series, 
Figure 3.28. The red curve compares the single crystal Prony fit to the orange shaded 
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polycrystalline curves. The Prony constants for the single crystal relaxation behavior: 
P10 = 0.02991, P100 = -0.0286, P1000 = 0.2287, and P10,000 = 0.1799. 
 
Figure 3.28 Prony series fitting of single crystal Ag relaxation 
3.3 Thickness dependence with constant grain size 
Up until this point the film thickness has been kept constant within a given 
metal film set while the in-plane grain size was modified with substrate temperature. 
This section of the chapter will explore the effect of thickness (z dimension) when the 
grain size (x-y dimension) is held roughly constant to determine if grain volume, 
rather than just diameter, is correlated with relaxation in those films that show an 
effect. 
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3.3.1 Characterization of Au films of varying thickness 
Two Au films were sputtered at 400 °C for longer sputtering times than used 
for the 670 nm Au films of Figure 3.17c. The metal thickness measured at 1000 nm 
and 1412 nm with 200 nm of SiNx substrate underneath each film. The thickness was 
measured using X-Ray Reflectometer methods and verified with cross-sectional 
imaging. SEM images of the plan view surface were taken using the Zeiss in-lens 
detector. These images are shown Figure 3.29. 
 
Figure 3.29 Plan view images of Au films of different thickness a) 670 nm b) 1000 
nm c) 1412 nm. Scale bar 1 micron 
To verify the columnar structure of the thicker films, FIB cross-sectional 
images were also taken and shown in Figure 3.30. These images show full columns of 
Au grains from SiNx substrate to the metal surface. Similar densities of growth twins 
are visible in all three cases. 
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Figure 3.30 Cross-section FIB images of Au films of varying thickness a) 670 nm 
b) 1000 nm c) 1412 nm. Scale bars 1 micron 
The grain size of the films was measured using the same methods described in 
Section 3.1.1.2. The grain size of the two thicker films in this study were comparable 
to the 670 nm thick 300 °C Au sample and not the 670 nm thick 400 °C sample. The 
properties of the three films are shown in Table 3.5. The average grain size for each 
Au film is within 10% of each other and each film has predominantly columnar 
microstructure, allowing for a suitable z-height thickness comparison in bulge 
relaxation studies. 
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Table 3.5 Film properties of Au films of different thickness 
3.3.2 Variable Au thickness relaxation behavior 
Each thicker film was tested using the 80 °C bulge test like all tests 
previously. The viscoplastic relaxation was exhausted until only viscoelastic 
relaxation remained. The three viscoelastic curves for the 670 nm, 1000 nm, and 1412 
nm films are shown in Figure 3.31. The Prony fits, Figure 3.32, highlights a slight 
difference in the 1000 nm film relaxation response that may be hidden in the noisier 
bulge data of Figure 3.31. However, the relative closeness of these curves indicates 
that film z-height or thickness has a marginal effect on relaxation behavior if the grain 
size is kept constant. 
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Figure 3.31 Viscoelastic relaxation curves for variable thickness Au films 
 
 
Figure 3.32 Prony fits for variable thickness Au films 
The variable thickness relaxation response was incorporated into the constant 
thickness Au D2 behavior of Figure 3.21. This is shown in the two red data points 
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added to the Au linear grain size dependence in Figure 3.33. This indicates that the 
planar grain size contributes more to the relaxation behavior of an FCC film than the 
z-height or thickness of the film (or, equivalently, the duration of the deposition 
process). Since the data points track quite closely with the grain area (D2) trends, the 
Au stress relaxation behavior appears to be independent of the thickness dimensions. 
 
Figure 3.33 Incorporating variable thickness relaxation response with grain size 
dependence 
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3.4 Grain size effect and mechanism discussion 
The effect of grain size on the low-strain, time-dependent deformation 
behavior of FCC thin films was explored in this chapter. It can be seen in Figure 3.21 
that, in general, an increase in grain size (D) would result in increased viscoelastic 
relaxation response for Al(Mg), Au, and Pt films. The Ag and Cu films' viscoelastic 
relaxation was shown to be independent of grain size over the range of sizes explored 
here. The relationship between grain size and the deformation mechanism controlling 
the anelastic behavior will be explored in this section. Throughout, it is assumed that 
there could be a direct interaction between moving dislocations and the grain 
boundaries (or growth twins) in order to explore the ramifications of such a 
mechanism. 
A 2014 microbeam bending study on Al-(1 wt%)Cu films with grain sizes 
ranging from 4 to 20 μm found no grain size dependence on low-strain, recoverable 
viscoelastic behavior [58]. In that study the thin film specimens were tested in both 
tension and bending. The anelastic behavior was attributed to diffusion-limited 
dislocation glide where the dislocation motions were impeded by interaction with the 
network of dislocations within each grain or by Cu solutes. It was claimed that upon 
removal of stress, backstresses within the mobile dislocations reverse the direction of 
the dislocation, driving the recovery of the deformed material. In another study, creep 
experiments on an Al-Mg alloy indicated a similar mechanism as found in the Al-Cu 
study, whereby the creep deformation and recovery was attributable to bowing and 
unbowing of mobile dislocations [88]. In that Al-Mg study, the authors suggest a two 
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stage ‘unbowing’ process: a fast stage where the dislocation experiences minimal 
obstacles, and a slow stage where the dislocation must un-bow across higher energy 
obstacles such as precipitates. The authors of the Al-Mg study suggest a thermally 
activated unbowing of pinned dislocations is the driving force for recovery after creep 
deformation. 
The relaxation trends found within this work suggest that a similar dislocation 
bowing and unbowing mechanism is driving the viscoelastic relaxation response. An 
increase in grain size could enable more widely-spaced grain boundary barriers to 
dislocation motions, thus increasing the possible relaxation extent. In Figure 3.34, 
three distinct anelastic deformation scenarios are presented based on this model: (a) a 
dislocation-free, ultra-fine crystal structure, (b) an intermediate grain size regime 
between ~50 nm and ~750 nm, and (c) large-grained films greater than 750 nm. Grain 
boundary sliding in nanocrystalline materials (i.e. < 50 nm, Figure 3.34a) has been 
attributed to low-temperature creep in electrodeposited Ni films [56]. We assume that 
grain boundary sliding will dominate in other nanocrystalline FCC materials as well. 
Thus the available evidence suggests that there is a grain size regime in which 
dislocations are less important than grain boundaries, and a much larger grain size 
regime in which there may be no size dependence. 
The present work on stress relaxation suggests a special intermediate grain 
size regime, Figure 3.34b, where dislocations exist and are reasonably close to a grain 
boundary. In Figure 3.34c, the grains are sufficiently large where most of dislocation 
obstacles are other dislocations (or solutes/precipitates) and far from grain boundary 
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interactions. This would be the scenario in previously mentioned Al-Cu microbeam 
tests, where the grains were larger than 4 μm.  
 
Figure 3.34 Schematic of anelastic deformation and recovery mechanisms a) 
grain boundary sliding b) dislocation bowing with grain size dependence c) 
dislocation bowing without grain size dependence 
Dislocations in smaller grains within the intermediate grain size of Figure 
3.34b may react strongly with the grain boundaries, and this interaction will weaken 
as the grain increases to the coarser end of this range. Decreased grain boundary-
dislocation interactions with increasing grain size is one plausible explanation for the 
observed Dn relaxation trends. It suggests that the available grain matrix area 
available for bowing motion of dislocations during low stress, iso-strain relaxation 
events is higher as the grain size increases. In plastic deformation theory, Hirth 
suggests a hard and soft region of a grain for dislocation motions [89]. The soft region 
is the portion of the grain sufficiently far from the dislocation-interfering forces of a 
grain boundary while the hard region is close enough to the repulsive forces of the 
grain boundary. These forces are shown to have a 
1
𝑅
 dependence with R being the 
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distance from the grain boundary (or also other dislocations/obstacles). Figure 3.35 
shows a schematic of this interaction distance between the “soft” grain (Dsoft) and the 
full grain size (D). The hatched portion represents the grain boundary interaction 
region in this figure and in Figure 3.34. In high stress plasticity studies, Shen et al. 
showed that dislocation spacings will tend to average around 40 nm and will pile up 
to closer spacings near the grain boundary [90]. Since our experiments are low stress, 
elastic bulge tests, pile up is not expected near the grain boundary, but an equilibrium 
spacing of 40 nm is a reasonable distance within the grain’s soft matrix and for the 
grain boundary interaction area. 
 
Figure 3.35 Dislocation interaction distance in circular grain (D) 
If the grain boundary-dislocation separation distance is 40 nm in the films of 
this study, it further suggests increasing grain size will increase the available soft area 
for bowing dislocations. Within the 50 nm to 750 nm grain size regime of this study, 
the relative amount of soft grain area (Dsoft) increases quite rapidly as grain size (D) 
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increases, which translates to a larger area for dislocation bowing/unbowing. A grain 
size of 750 nm represents the point at which the ratio of 
𝐷𝑠𝑜𝑓𝑡
𝐷
 becomes larger than 
90% for a 40 nm thick ring of grain boundary interaction, where a grain size of 50 nm 
has virtually zero soft grain available. According to this model, at grain sizes larger 
than 750 nm, the Dn trend is expected to discontinue and further relaxation is 
independent of increases in grain size. This could explain the lack of grain size 
dependence in large grained (D > 4μm) Al-Cu films described earlier [58]. 
Prior work in our group on Au films found a similar D2 trend across three test 
temperatures (20, 50, and 80 °C), Figure 3.36 [8,91]. Region I of this picture falls 
within the special grain size regime depicted in Figure 3.34b. Region II follows the 
large grained film behavior of Figure 3.34c where the soft matrix of the grain 
becomes sufficiently large compared to the hard grain boundary area. Within Region 
II grain size dependent relaxation is expected to end. 
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Figure 3.36 Au film relaxation behavior with D2 dependence for three test 
temperatures 
The Pt, Al(Mg), and Au films of this work exhibit relaxation behavior 
proportional to Dn while the Ag and Cu films do not. The lack of Dn relaxation 
response in Ag and Cu is considered next. The first plausible explanation for the lack 
of grain size dependence in Ag and Cu comes from the relatively small range of grain 
sizes that could be grown with the sputtering process. The bulge test method requires 
a smooth surface finish for proper electrode operation, and the Ag and Cu films could 
not be deposited smoothly above average grain sizes of 334 nm and 412 nm, 
respectively. Ag, Au, and Cu metals each have low to mid-range values of stacking 
fault energies, which increase the film susceptibility to growth twins, as the TEM 
images show in Figure 3.11. If it were possible to sputter larger-grained Ag and Cu 
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films, like the range possible with Au, it may follow that the gradual Dn behavior 
measured in Au films is also present in Ag and Cu films, as Figure 3.37. In this figure 
the dashed trend lines would match the Au behavior if the hypothetical large-grained 
Ag and Cu films (dashed red circles) could be fabricated with a smooth surface finish. 
This explanation is somewhat weakened by the strong Dn trends observed for Al(Mg) 
and Pt, both of which also had a fairly restricted grain size range. 
 
Figure 3.37 Hypothetical relaxation response of larger grained Ag and Cu films 
A second, more likely, explanation for the low and negligible Dn dependence 
of the Ag and Cu films may be that the effective “soft” matrix available for 
dislocation bowing is reduced not just by the grain boundary, but also by the presence 
of twins. Growth twins are more likely in low SFE materials, especially Ag which has 
the lowest SFE of the FCC metals tested. In Figure 3.38a, the soft grain area increases 
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from A0 to A1 as the grain size increases. In a low SFE, highly-twinned film, Figure 
3.38b, the effective soft grain area remains a constant A0,t even as the grain size 
increases. The available dislocation bowing area in a twinned material is effectively 
reduced as twins act as an additional energetic barrier to further relaxation. The 
relaxation of highly twinned materials appears to be independent of true grain size 
and more dependent on twin density. The weakness in this explanation is the strong 
Dn trend in Au which has a similar stacking fault energy as Cu, and also exhibited 
many growth twins. 
The shortcomings of the "hard" grain boundary region model suggest that a 
different dislocation interaction could be responsible for the Dn behavior in Al(Mg), 
Au, and Pt, and that the boundaries themselves are not the key. Instead, the elevated 
temperature depositions may have altered some other aspect of the microstructure so 
that grain size is only a proxy for the real determining factor. This possibility will be 
discussed in the following chapters. 
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Figure 3.38 Plan view schematic of available “soft” grain in a) high SFE and b) 
low SFE material 
3.5 Summary of grain size dependence 
Five sub-micron FCC metal films were fabricated by DC magnetron 
sputtering. The planar grain size of each film, D, was altered by heating the substrate 
during deposition using a heat lamp. The bulge test technique was used to measure 
the viscoelastic response of each film during low stress, iso-strain experiments. It was 
shown that some FCC metal films will relax more with increased grain size as 
measured by the normalized modulus after 10,000 seconds at 0.1% strains. The 
relaxation extent was linearly proportional to Dn where n values range between ½ and 
2. The low temperature, low stress environments of the bulge test suggest that 
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dislocation bowing and unbowing are plausible mechanisms for the relaxation and 
recovery events, respectively. One model for this behavior suggests that a unique 
planar grain regime of 50 nm to 750 nm exists where the relaxation behavior will 
follow the Dn grain size dependence. If so, the increase in soft grain areas with 
increasing grain size D, will decrease the barriers to dislocation bowing mechanisms, 
which increases the relaxation extent. However, not all of the evidence supports this 
model so other possibilities must also be considered. 
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4. Dislocation density effect on relaxation 
The metal films used in this study are highly pure (Ag, Au, Cu, and Pt) except 
for the Al(Mg) film which contained <1% Mg solutes to mitigate grain growth. An 
increased relaxation response with grain size behavior (𝑁𝑀 ∝ 𝐷𝑛) was determined in 
Chapter 3. Since no alloying elements such as solutes or precipitates were 
systematically added to harden the films against relaxation, only two logical 
strengthening mechanisms are accessible in this study: the presence of 1) grain 
boundaries or 2) dislocation-dislocation interactions. This chapter will explore the 
contributions of dislocation density and arrangement and determine if grain size 
(grain boundaries) are directly responsible for an independent mechanism controlling 
relaxation response or if they are associated with a microstructural change during film 
growth that is actually responsible for the grain size dependence. 
4.1 Dislocation density measurement results 
4.1.1 XRD measurements using CMWP method 
The Convoluted Multiple Whole Profile (CMWP) X-ray line broadening 
technique was used to measure dislocation density of all films used in this study. An 
example of the individual fitting functions for each Au film are shown in Figure 4.1 
with a compilation plot in Figure 4.2. For the Ag, Al(Mg), Cu, and Pt films, the 
individual fittings are not shown, only the compilation plots in Figure 4.3, Figure 4.4, 
Figure 4.5, and Figure 4.6 respectively. Since the films were considerably textured 
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only highly reflecting planes such as (111) and/or (200) were used for CMWP fitting 
purposes. 
a) Au 100 °C 
 
b) Au 175 °C 
 
c) Au 300 °C 
 
d) Au 400 °C 
 
Figure 4.1 Individual CMWP fittings for each Au film 
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Figure 4.2 CMWP fit comparison for all Au films 
 
 
Figure 4.3 CMWP fit comparison for all Ag films 
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Figure 4.4 CMWP fit comparison for all Al(Mg) films 
 
 
Figure 4.5 CMWP fit comparison for all Cu films 
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Figure 4.6 CMWP fit comparison for all Pt films 
The dislocation density (𝜌) was extracted from each CWMP fitting curve and 
is tabulated in column six of Table 4.1. The CMWP XRD analysis shows the 
dislocation density decreasing with increasing sputter temperature (and proportionally 
grain size) in the Au and Al(Mg) film only. The Ag, Cu, and Pt films show 
dislocation density to be independent of grain size. This is depicted graphically as a 
plot of the CMWP dislocation density against grain size D in Figure 4.7. In-situ TEM 
studies have shown dislocations form during cooling in sputtered films [92,93] as a 
means of stress relief; these same studies have reported similar dislocation density 
magnitudes as those measured in this work. Other researchers have also determined 
dislocation densities around 1015 m-2 in electrodeposited nanocrystalline Ni films [94] 
and sputter-coated Pt thin films [95]. In each reference the films were (111)-textured 
like the films in this study. 
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Table 4.1 Dislocation density measurements compilation 
 
 
Figure 4.7 CMWP dislocation density measurements with grain size D 
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4.1.2 TEM measurements using Ham’s method 
Plan view TEM samples of the coarsest and finest Au and Al(Mg) films were 
prepared for dislocation density measurements using a TEM direct inspection method 
(Ham’s method [80]). The foils were prepared using the technique described in 
Chapter 2. Using an SEM in-lens detector, the thickness of the Au foils after FIB 
milling was found to be roughly 50 nm and the Al(Mg) foils were roughly 150 nm in 
thickness, both sufficiently thin for 200 kV TEM electron transmission. 
The Au and Al(Mg) plan view images are shown in Figure 4.8 and Figure 4.9 
respectively. Ham’s direct inspection dislocation density measurement method 
requires a grid or mesh overlay on each micrograph. The mesh (m) is shown as a grid 
of faint greyish-white lines in each figure. Each foil was tilted in the TEM to create 
diffraction conditions to allow dislocation contrast. Using ImageJ the dislocation 
intersections with this grid are counted and the length of the mesh within the grain of 
interest is measured. 
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Figure 4.8 Au foil images following Ham’s method dislocation density analysis a) 
100 °C b) 400 °C 
 
 
Figure 4.9 Al(Mg) foil images following Ham’s method dislocation density 
analysis a) 100 °C b) 200 °C 
The analysis of these images is summarized in Table 4.2. Equation 2.4 was 
used to calculate the dislocation densities after measuring the mesh length, counting 
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the number of dislocation intersections, and measuring the foil thickness. The 
densities calculated from TEM analysis are also added in parentheses in column six 
of Table 4.1 to compare against the CMWP method. The TEM analysis shows that 
the dislocation density is comparable in magnitude to the CWMP analysis (~ 1014 m-
2) but does not display the same trend of decreasing density with increased grain size. 
Dislocations invisible in the given imaging conditions or lack of resolution in the 
fine-grained sample may have contributed to sources of error in the direct inspection 
methodology. 
 
Table 4.2 Ham intersection method results 
4.2 Dislocation density discussion 
Inspection of measured dislocation density trends for this present work 
indicates that the stress relaxation behavior of FCC metal films is independent of the 
of the dislocation density. In Figure 4.7, the Au and Al(Mg) films exhibit decreasing 
dislocation densities with increasing grain size, suggesting that a viscoelastic 
relaxation is also proportional to dislocation density. However, the Pt film shows a 
constant measurement of dislocation density with grain size, yet this film did exhibit 
relaxation behavior that followed Dn behavior. Since the Al(Mg), Au, and Pt films all 
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showed Dn relaxation dependencies (Chapter 3), yet the trends in dislocation density 
with grain size are inconsistent, a different mechanism must be at play. The most 
likely factor driving relaxation behavior is not dislocation density itself, but an 
important characteristic of the dislocation density, the average pinning distance 
between dislocations, L. The dislocation density is related to pinning distance by 𝜌 =
𝑁𝑣𝐿 where Nv is the number of dislocations per unit volume. 
Friedel proposed that a reduction in modulus due to bowing of dislocations 
pinned into a network arrangement is directly proportional to the density and 
arrangement of the pinned dislocations as in equation 1.19. The stress relaxation 
response measured in this work is related to the Friedel modulus decay in the 
following way: 
 ∆𝐺
𝐺
= (1 − 𝑁𝑀𝑡=10,000𝑠) =
1
6
𝜌𝐿2 (4.1) 
Although this is written in terms of the shear modulus, G, the fractional change in 
Young's modulus should be the same. It is seen that the relaxation response for a 
given stress is related linearly to the dislocation density and to the square of the 
pinned dislocation distance L.  
Direct and accurate measurement of L would be very difficult, but a sanity 
check on the magnitude of L can be performed using the Freidel model and 
previously measured characteristics of the films. Using the relaxation metric 
measured through bulge testing (NMt=10,000s) and the measured dislocation density, an 
average L spacing was calculated for each metal film assuming that the Freidel model 
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applies. The results are tabulated in column seven of Table 4.1 and plotted in Figure 
4.10. The calculated L spacings are shown to increase with grain size for those films 
that demonstrated grain size dependent relaxation (Al(Mg), Au, and Pt films) and 
remained approximately constant for the Ag and Cu films. 
 
Figure 4.10 Calculated dislocation pinning distance L with grain size D 
Bowing and unbowing of pinned dislocations is the proposed mechanism 
controlling viscoelastic relaxation and recovery in FCC metal films. The work to this 
point has shown the relationships between grain size D, dislocation density ρ, and 
pinned dislocation distance L. Considering all three variables (D, ρ, L), there exists 
four reasonable explanations for the observed Dn relaxation dependence in this work: 
i. Dislocations near grain boundaries have reduced mobility, thus reducing grain 
size should reduce relaxation extent. 
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ii. Dislocation density changes as grain size changes, changing the dislocation-
dislocation interaction probabilities. 
iii. Inhomogeneous grain-to-grain distribution of dislocations in finer-grained 
films reduce relaxation by reducing pinning distance L. 
iv. Dislocation arrangement and order increases with increasing grain size, 
effectively increasing pinning distance L. 
Figure 4.11 shows schematics of the four mechanisms listed above. A fine and 
coarse-grained scenario are shown in the left and right side of each quadrant, 
respectively. 
 146 
 
Figure 4.11 Schematics of plausible dislocation mechanisms driving Dn 
relaxation behavior 
The first mechanism (Figure 4.11(i)) would be like the Hall-Petch 
strengthening mechanism where relaxation resistance is directly proportional to the 
grain size. Dislocations near the grain boundary should bow less than those in the 
“soft” grain interior, thus a decreasing grain size would result in decreased relaxation 
for a given dislocation density. However, it can be shown geometrically that the 
relative fraction of soft area to full grain area (
𝐴𝑠𝑜𝑓𝑡
𝐴0
) is dependent on the grain size to 
the -½ or D-1/2. The viscoelastic relaxation response measured in this work was 
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linearly proportional to Dn with n ranging from ½ to 2, thus it is unlikely a grain 
boundary hardening mechanism is controlling the relaxation response. 
Figure 4.11(ii) depicts the scenario where a larger-grained film would have a 
higher dispersion of dislocations or lower dislocation density. This would imply 
dislocations in larger-grained films would have a larger separation distance L, thus 
allowing for larger relaxations. The results of the CMWP dislocation density analysis 
show that in some cases an increasing grain size correlates with a decreased 
dislocation density such as in the Al(Mg) and Au films. However, the Pt film shows 
no grain size dependence on dislocation density and because this film does show 
grain size dependence on relaxation, it rules out mechanism (ii). 
The variables of grain size (D), and dislocation density (ρ) are shown to have 
weak to minor direct effects on the relaxation response. The third variable, pinned 
dislocation segment distance L, is approached in argument (iii) and (iv). In Figure 
4.11(iii) a reasonable situation exists where fine grains (e.g. D ~ 50 to 100 nm) would 
generate an inhomogeneous distribution of dislocations during the film growth and 
cooling process, whereas a larger-grained film would have a more homogenized 
distribution. Consider the case where one grain in the finer-grained film has double 
the dislocations while a neighboring grain may have zero dislocations. On the average 
it would have the same dislocation density as the coarser grain as measured through 
XRD techniques, but the local distribution is heavily weighted. The result of this 
scenario would be a fine-grained film with a very low L distance separation, either 
very small in the double-dislocation density grain or zero in the dislocation-free grain. 
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A coarser-grained film with homogenous distribution would have a relatively larger L 
spacing, thus allowing greater relaxation as grain size increases. 
The last scenario, Figure 4.11(iv) depicts a situation where the larger grain 
allows more uniform arrangement of dislocations formed during cooling while a 
finer-grained film generates a more chaotic arrangement. Although dislocation 
densities can be similar the separation spacing L between dislocations can be 
shortened in the more chaotic dislocation distribution of a fine-grained film. An 
example TEM image is shown in Figure 4.12 depicting the dislocation arrangement 
of the as-cooled state of a several hundred nanometer grain in a thin copper film [93]. 
This image suggests a non-uniform distribution of dislocations during the stress relief 
process would be exaggerated if the grain was smaller. 
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Figure 4.12 Inhomogeneous distribution of dislocations during thin film cooling 
from [93] 
Mechanisms (iii) and (iv) are the most likely scenarios that explain the Dn 
relaxation response measured in this work. The pinned dislocation distance L is 
shown to increase with grain size D, thus increasing relaxation extent. Plan view 
TEM images of fine-grained Au films in this study depict a more chaotic dislocation 
structure and a more uniform distribution in coarser-grained Au films, Figure 4.13c 
and d. In this figure an arbitrary L spacing is drawn in the fine and coarse grains, Lf 
and Lc, respectively. In Figure 4.13d a hypothetical bowing of a dislocation is shown 
in the defect free region of the grain. 
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Figure 4.13 Dislocation spacing analysis for a) fine and b) coarse TEM plan view 
images with respective schematic dislocation arrangement in c) and d) 
 
4.3 Summary of dislocation density dependence 
The dislocation density analysis of the FCC metal films indicated dislocation 
density itself is not a strong contributor to relaxation. However, it was shown that the 
pinned dislocation spacing distance L could be an important driver for relaxation 
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response. This variable can be independent of dislocation density through 
inhomogeneous grain-to-grain distribution of dislocations or by irregular arrangement 
of dislocations within a grain. These microstructural features of the grains are 
believed to control the Dn relaxation behavior since it was shown that the L values 
calculated using the Friedel model are reasonable for the films studied here. The 
models shows that relaxation increased when the dislocation spacing L also increased.  
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5. A mechanism for anelasticity in FCC metal films 
One of the purposes of this study is to investigate the mechanism underlying 
the anelastic (a.k.a., viscoelastic) deformation of metallic thin films, especially 
regarding the grain size and dislocation arrangement. In low temperature experiments 
both grain boundary sliding and dislocation glide have been the prescribed 
mechanisms for the anelastic behavior. Much of the grain boundary studies involved 
very fine grain structures (typically D < 50 nm) and the mechanisms to describe these 
materials are generally not suitable for the larger grained films of this study (50 nm < 
D < 1000 nm). The anelastic behavior observed via stress relaxation tests in this work 
is proposed to be rate limited by dislocation-obstacle interactions, where the Peierls 
barrier is the primary obstacle. Thermally-activated, low-strain dislocation glide and 
overcoming obstacles will be discussed in terms of the iso-strain bulge tests 
performed in this work. 
5.1 Thermally-activated dislocation glide 
A dislocation moving within a grain due to an external applied stress can 
encounter a combination of strong obstacles (see Chapter 1) and a weaker lattice 
obstacle known as the Peierls stress [26]. The Peierls stress is the energy required to 
move a dislocation across a lattice in the absence of any thermal energy. A schematic 
of these two barriers is shown in Figure 5.1. In this figure the bulge test generates a 
sub-yield hoop stress that drives a dislocation trapped by hard pinning points A and B 
to the large discrete obstacle, which would typically be another dislocation in single 
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element thin films. At a test temperature of 80 °C, there might be insufficient thermal 
energy to overcome this large obstacle by climb and the dislocation bowing stops. 
Upon removal of the hoop stress the line tension returns the pinned dislocation(s) to 
the unbowed state and the macroscopic stress state of the film recovers anelastically. 
In Figure 5.1a, the applied hoop stress is shown to be larger than the lattice friction or 
Peierls force meaning a dislocation can more easily move across defect-free regions 
of the slip plane while it is effectively blocked by the obstacle. Increasing the thermal 
energy of the system during testing may allow dislocations to overcome larger 
obstacles by lowering the work (∆𝑊) required to surpass them. Mongkolsuttirat et al. 
observed increasing relaxation by increasing the environmental test temperature from 
20 °C to 80 °C in Au thin films bulge tests  [91]. 
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Figure 5.1 Schematic of thermally-assisted dislocation glide with a) stress energy 
landscape for a moving dislocation and b) pinned dislocation at points A and B 
overcoming discrete obstacle after bowing during a bulge test. Conventional 
activation volume highlighted in hashed region. 
In Figure 5.1b, the hatched region represents a characteristic area a dislocation 
must sweep through to overcome the obstacle barrier. The size of this special region 
multiplied by the dislocation Burgers vector is known as the activation volume and it 
can be used to illuminate the rate-limiting deformation mechanism for a material. In 
the absence of stress, the energy barrier for dislocation propagation is ∆𝐹  where 
∆𝐹 = ∆𝐹0. However, applying a stress reduces the energy barrier by subtracting an 
athermal stress component as follows: 
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 ∆𝐹 = ∆𝐹 − 𝜏𝑉𝑎 (5.1) 
where 𝜏 is the applied stress and Va is the activation volume. As seen in Figure 5.2a, 
only thermal energy can move a dislocation from X1 to X2 in stress-free conditions. 
Applied stress reduces the needed energy to overcome dislocation obstacles with a 
characteristic activation volume, Va, as shown in Figure 5.2b. 
 
Figure 5.2 Dislocation energy barriers in a) stress-free conditions (thermal only) 
and b) with athermal applied stress contributions 
The activation volume is a function of the area swept by the dislocation as it 
passes through barriers, with Figure 5.1b showing the conventional description. It is 
an indicator of the what kind of mechanism is driving the deformation. Qualitatively, 
Va will be small for kink-pair mechanisms, larger for dislocation-solute interactions, 
and larger yet for dislocation-dislocation forest interactions [96]. Building on 
equation (5.1), Caillard [96] shows that: 
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𝜏 = −
𝛼𝑘𝑏𝑇
𝑉𝑎
+
∆𝐹0
𝑉𝑎
 (5.2) 
Where α is a constant. This indicates that a smaller activation volume will correspond 
to a rapid decrease in macro stress (𝜏) while a larger activation volume will have a 
slower decrease in stress at a given temperature. 
One way to measure activation volumes is through macro-scale transient tests 
such as stress relaxation or creep transient tests. The present work employs the bulge 
test and an iso-strain stress relaxation experiment. In this test, the stress decrement 
with time, ∆𝜏(𝑡), can be modeled as a logarithmic decay relation as follows [96]:  
 
∆𝜏(𝑡) = −
𝑘𝑏𝑇
𝑉𝑎
ln (1 +
𝑡
𝐶𝑟
) (5.3) 
Where kb is the Boltzmann constant, Va is the apparent activation volume, and Cr is 
the time constant for the relaxation mechanism.  
As mentioned earlier, the magnitude of the activation volume provides insight 
into what deformation mechanism is controlling the stress relaxation process. 
Activation volumes are listed in units of b3 where b is the Burgers vector of the 
material. The absolute values of activation volume are quite small and can range from 
10-25 to 10-29 m-3 and are divided by b3 for comparison purposes. Each material has 
characteristic Burgers vectors, thus the extraction of activation volumes for a given 
relaxation event will be different depending on the material. For example, Conrad et 
al. determined grain size dependence of deformation mechanisms in copper during 
high-strain, plasticity experiments by analyzing activation volumes [97]. In this study 
three grain size regimes were identified: coarse-grained (D ≈ 10-6-10-3 m) measured 
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activation volumes of 420 - 2040b3 indicating traditional intragranular intersection of 
mobile dislocation mechanisms; an intermediate regime (D ≈ 10-8-10-6 m) measuring 
a 1b3 activation volume indicating a grain boundary shear plus dislocation pile-up 
mechanism; and a fine regime (D < ~ 10-8 m) where only grain boundary shearing 
mechanisms were indicated. Another plastic deformation study by Wang [98] of 
nanocrystalline Ni (D ~ 30 nm or ≈ 10-8 m) determined an activation volume around 
20b3 which rules out the low activation volume grain boundary processes described 
above by Conrad. They suggest a dislocation-based process is driving the mechanism 
with a high concentration of dislocations near the grain boundaries. This concentrated 
dislocation density leads to a small pinning distance, L, which corresponds to a 
relative small activation volume (20b3 instead of > 100b3).  
In low-strain, anelastic conditions (such as this study’s relaxation tests) the 
activation volume can be thought of as proportional to the work required to bow a 
dislocation from a straight segment between points A and B of Figure 5.1b until 
reaching the first insurmountable obstacle. Specifically, work = Va. Figure 5.3 
shows the sweeping area of a bowing dislocation in low-stress conditions where only 
the Peierls barrier is overcome. The activation volume is the proportional to the work 
required to extend a dislocation to its maximum bowed condition. 
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Figure 5.3 Activation volume in anelastic dislocation bowing conditions of the 
present study 
This is considered “preyield microplasticity” and activation volumes can also 
be measured when the dislocation is sweeping across a Peierls barrier. Activation 
volumes of approximately 100b3 for this type of deformation have been observed in 
FCC metals  [99]. The anelastic mechanism of bowing and unbowing dislocations are 
commonly attributed to the creation of a propagating double kink, to be discussed in 
more detail in Section 5.3. 
5.2 Apparent activation volume results 
Activation volumes for the FCC metal films of the present study were 
measured by fitting iso-strain relaxation curves to Equation (5.3). As shown in 
Chapter 3, the Normalized Modulus decay for each film was fit using a four-term 
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Prony series. This data is converted into a stress decay (∆𝑇) function using a new set 
of four Prony constants as determined by: 
 
∆Τ = − ∑ 𝑃𝑖 (1 − 𝑒
−𝑡
𝜏𝑖 )
4
𝑖=1
 (5.4) 
with the time constants (τi) varying from i=10, 100, 1000, and 10,000 s. The shear 
stress decay ∆𝑇 was converted from a bulge hoop stress divided by the Taylor factor 
of 3.06 or  ∆𝑇 =
∆𝜎ℎ𝑜𝑜𝑝
3.06
. Incorporation of the Taylor factor allows consistent 
comparison of dislocation barrier strengths with other research groups [100]. The 
fitting procedure was performed on each film with an example shown in Figure 5.4. 
 
Figure 5.4 Example of fitting relaxation data to stress decay Prony series 
 The stress-decay Prony constants for all films are tabulated in Table 4.1. 
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Table 5.1 Stress decay Prony constants for FCC metal films 
The activation volume is typically extracted from the first few hundred 
seconds of relaxation experiments [98,101]. For this work the activation volume is 
extracted from the first 100 seconds of relaxation, which is dominated by the value of 
second Prony constant (P2). An example fitting of the equation (5.3) to the Prony data 
is shown in Figure 5.5.   
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Figure 5.5 Activation volume extraction from Prony fit of relaxation data 
The extracted activation volume for each FCC film is plotted in Figure 5.6. A 
clear trend in decreasing activation volume with increasing grain size is observed in 
Al(Mg), Au, and Pt thin films, while the activation volume measurement is 
independent of grain size for Ag and Cu films. Tabulated values of the activation 
volumes of the first 100 s of relaxation are shown in Table 5.2. 
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Figure 5.6 Activation volume (Va) plotted against grain size (D) for all FCC films 
 
 
Table 5.2 Activation volumes for each FCC metal film for 100 s relaxation 
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5.3 Kink pair formation 
A pinned, rectilinear dislocation (Figure 5.7a) can bow under an applied force, 
even in sub-yield, microplastic conditions [64,96]. The bowing process is initiated by 
the formation of a kink pair (also known as a double kink nucleation) whereby the 
dislocation line is extended from one Peierls minimum into the next, see Figure 5.7b. 
The probability of forming a kink pair is increased with increasing thermal energy. 
 
Figure 5.7 Kink pair formation and propagation a) rectilinear, pinned 
dislocation segment b) double kink forms and extends c) macro-kink or bowed 
formation 
The pinning points A and B will slow down the dislocation bowing but not 
stop it until spacing ∆𝑋 approaches a critical value, ∆𝑋𝑐. Each kink of the kink pair 
has the same burgers vector but opposite line direction, therefore under the critical 
∆𝑋𝑐 they will tend to attract and annihilate each other. This critical kink separation 
distance determines when the microscale bowing and macroscale relaxation processes 
stop. For low stress conditions the critical spacing of kinks is found to be in the range 
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of 20b [64] to 50b [99]. This suggests that a larger initial spacing (L) between pinning 
points provides a higher probability for a kink to form and not annihilate by having 
more available line space to reach the critical spacing threshold. This is shown 
graphically in Figure 5.8 where a shorter L may increase the likelihood of a kink pair 
annihilating before extending to a stable separation distance.  
 
Figure 5.8 Kink pair formation above critical spacing a) small L pinning 
distance b) large L pinning distance 
The successful formation and separation of a kink pair will bow the 
dislocation one Peierls valley at a time until it becomes energetically unfavorable to 
form new kinks. The result is a bowed dislocation as in Figure 5.7c. The radius of 
curvature due to the kink formation events is given as [96]: 
 
𝑅 =
𝐿
2𝑐𝑜𝑠𝜃𝑐
 (5.5) 
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where 𝜃𝑐  is the angle between dislocation line and pinning point, L is the pinning 
distance, and R is the radius of curvature. The line tension that develops during a 
bowing event is related to the radius of curvature by 𝑅 =
?̂?
𝜏𝑏
, which leads to: 
 
𝜏 =
2?̂?
𝑏𝐿
𝑐𝑜𝑠𝜃𝑐 (5.6) 
Where τ is the applied stress and ?̂? is the line tension in the curved dislocation. This 
implies that for a given line tension ?̂?, an increased L will reduce the applied stress 
necessary to bow a given distance. Similarly, it implies for a given applied stress, a 
dislocation with a larger pinning distance will propagate farther than one with a 
shorter pinning distance. 
The stress relaxation tests from this work show a changing (decreasing) 
activation volume in those films that also displayed an increased pinning distance L. 
A lower activation volume with increasing grain size correlated with an increased 
modulus decay in the bulge tests. Knowing that activation volume is proportional to 
the work to overcome barriers as ∆𝑊 ∝ 𝜎𝑉𝑎 [66], the lower activation volumes imply 
that anelastic bowing is energetically more favorable in films that generate larger 
dislocation spacings. 
5.4 Summary 
The activation volumes extracted from stress relaxation tests indicate the 
general deformation mechanism responsible for viscoelasticity in the metallic thin 
films. The extracted activation volumes range between 50b3 to 700b3 for all FCC 
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metals films across all grain sizes. This intermediate Va range indicates a dislocation-
based mechanism is responsible for the observed viscoelasticity. The anelastic 
bowing and unbowing of dislocations can be accommodated by the formation of kink 
pairs. These kink pairs will extend the dislocation line by overcoming the Peierls 
barrier. It is shown that a dislocation that has a larger initial pinning distance L will 
have a reduced barrier to bowing. Increasing grain size was shown to increase the 
pinning distance L, which correlates with an increased relaxation extent. 
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6. Conclusions and future work 
6.1 Conclusions 
Thin metallic films used in RF MEMS devices are often nanocrystalline and 
of high purity, primarily due to the constraints of the deposition process. 
Consequently, these films exhibit anomalous mechanical behaviors that can lead to 
degradation of device performance. The focus of this work was investigating the 
grain size effects on low-strain, stress relaxation response in sub-micron thickness 
metallic films. A series of FCC materials, including Ag, Al(Mg), Au, Cu, and Pt were 
investigated using the gas pressure bulge test at a temperature of 80 °C.  
The in-plane grain size of each film was adjusted by heating the substrate 
during the DC magnetron sputtering process. SEM analysis revealed the grain size, D, 
to vary from tens to hundreds of nanometers. Stress relaxation tests on each film were 
performed until a steady state viscoelastic response was determined. The evaluation 
metric was the plane strain modulus decay after 10,000 s of relaxation at a constant 
strain of 0.1%. The Al(Mg), Au, and Pt films showed increased relaxation (i.e. larger 
modulus decay) with increasing grain size while the Ag and Cu films showed no 
relaxation dependence on grain size. The relaxation dependence was shown to be 
linearly proportional to Dn where n ranged from ½ to 2.  
A dislocation-based deformation mechanism is proposed as controlling the 
viscoelastic relaxation and recovery processes observed in the FCC films. The 
sputtering process tends to generate a relatively high concentration of dislocations as 
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the deposited film cools. The dislocation densities as measured via TEM and XRD 
techniques were found to lie between 4.1 × 1014 m-2 to 15.1 × 1014 m-2 for all films. 
The dislocations disperse in such a way to relieve stresses generated between film and 
substrate. This dispersion generates an average pinned dislocation segment length, L, 
between mobile dislocations that determines the extent of relaxation. The anelastic 
bowing and unbowing of dislocations within the pinned L spacing generates the 
global relaxation response. This microstructural feature, L, most likely increases with 
grain size, D, in those films that exhibit a relaxation dependence on grain size. 
The activation volume, Va, was extracted from the first 100 s of each FCC 
metal steady-state viscoelastic relaxation test. It ranged from 50b3 to 700b3. The 
magnitude of Va indicated that dislocation-based deformation mechanisms were 
responsible for the observed relaxation. Other commonly proposed mechanisms such 
as grain boundary sliding (Va ~ 1b
3) and dislocation-forest interactions (Va ~ 
>1000b3) were ruled out with this measurement. Anelastic bowing of dislocations 
across the Peierls barrier are known to have activation volumes near 100b3 indicating 
a reasonable match to this present work. For those films that showed grain size 
dependence on relaxation, Va was observed to decrease with D. Since the activation 
volume is proportional to the work required to overcome the Peierls barrier, a 
decreased Va would indicate that larger grained films will relax more due to increased 
bowing of dislocations. 
A key outcome of this work was observing that most, perhaps all, FCC 
metallic films will exhibit a viscoelastic relaxation in response to sub-yield stress 
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environments. The proposed mechanism for deformation, anelastic bowing of pinned 
dislocations due to kink pair formation, appears to be active in all metal films as 
shown by this work. The grain size-dependence of time-dependent deformation is not 
an independent mechanism that determines the extent of relaxation to a given 
stimulus, like Hall-Petch strengthening is for all metals. Instead, grain size often 
correlates with microstructural features that are important to the deformation 
response. For instance, this study revealed that if an increasing grain size, D, changes 
the dislocation arrangement via increases in L, the relaxation extent will increase. 
6.2 Practical impact of work 
Design engineers of bulk components and devices have access to resources 
that help to optimize the selection of an alloy for a given application. The bulk 
material properties are well characterized in textbooks, online databases, and 
commercial software packages. The thin film material property resources are not as 
richly developed for MEMS design engineers, potentially leading to sub-optimal 
selection of material for a given application. This conclusions from the present study 
suggest guidelines a MEMS designer should follow when designing for low-strain 
elastic environments, common to RF MEMS applications. Three rules of thumb could 
be extracted from the viscoelastic results of this work: 
1. All FCC metal films are susceptible to viscoelastic relaxation, 
regardless of melting point. Low (Al) and high melting point films 
(Pt) showed time-dependent deformation due to dislocation bowing 
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across the Peierls barrier. To increase reliability, there are a few 
practical solutions that can be employed to minimize the relaxation 
behavior. One would be alloying the FCC base metal which will raise 
the Peierls barrier and decrease the extent of dislocation bowing. 
Another solution would be to substitute the FCC moving membrane 
material with a BCC metal, since BCC metals exhibit a much higher 
Peierls barrier. Barriers to dislocation motion are higher in BCC 
materials and anelastic bowing should be reduced. 
2. Keeping the in-plane grain size, D, of the metal film as small as 
possible is not a guaranteed method for relaxation resistance, but 
keeping D small is generally preferred to larger-grained films. 
3. Employing manufacturing strategies to keep L small will reduce 
relaxation behavior. One way to keep the pinning distance short is to 
alloy the base metal with solid solutions or dispersions. These 
dispersed obstacles within the grain will cause shorter segments of 
pinned dislocations and reduce the maximum modulus decay. 
Thermal exposure during processing should be avoided to prevent 
annealing of the microstructure which will increase the L spacing. 
Additionally, the operating temperature should be kept as low as 
possible to strengthen the pinning points in the existing dislocation 
network. 
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6.3 Future work 
The present work investigated the grain size effects on low strain viscoelastic 
relaxation in common FCC metallic thin films. The understanding of the stress 
relaxation response is not nearly complete and many areas are available for continued 
work. The following will highlight some areas that were either lightly touched on in 
this work or require more in-depth analysis: 
1. The most obvious need for further study coming from this work is why 
the Al(Mg), Au, and Pt films showed Dn relaxation response while the 
Ag and Cu films did not.  It is suspected that the Ag and Cu films 
showed an increased density of growth twins that would impact the 
character and arrangement of dislocations that formed during 
deposition. These two materials generally have a low stacking fault 
energy which implies these metals are more prone to growth twins. A 
systematic study of a low SFE material, such as Ag, would further 
reveal the impact that twins have on anelastic dislocation deformation. 
It is known that adjusting the sputter deposition rate greatly influences 
the twinning density of low SFE materials and would be a 
straightforward way to observe the twin influence on anelasticity 
under constant grain size. 
2. The dislocation density, ρ, of a film is one contributor to the pinned 
dislocation segment distance, L. This present study indicated that 
changing the grain size of a film does not necessarily change the 
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dislocation density, but the arrangement of distributed dislocations can 
change with grain size, affecting the L parameter. Further work 
isolating the impact of dislocation density is needed where the grain 
size of the film is kept constant while adjusting the dislocation density. 
3. Further in-situ TEM viscoelastic relaxation studies of films within the 
grain size range of this study would clarify the nature of the 
dislocation-based deformation process. This type of investigation 
would complement the macro-scale transient bulge testing of this work 
by providing grain-specific deformation behavior. 
4. With great difficulty, one single crystal Ag film was tested using the 
bulge test. The film measured nominal viscoelastic relaxation, 
indicating the presence or lack of grain boundaries is not a significant 
contributor to the relaxation extent. Further study of single crystal 
films would allow the isolation and study of microstructural features, 
such as dislocations or other defects without the influence of grain 
boundaries. The single crystal Ag film was epitaxially deposited onto a 
bulge coupon using a collaboration with the Max Plank Institute for 
Intelligent Systems in Stuttgart, Germany. It is also possible to 
epitaxially grow single crystal films on a NaCl single crystal, but the 
removal, transfer, and adherence to the bulge test coupon is very 
problematic. 
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5. Alloying pure metals with precipitates is a common way to strengthen 
bulk metals. Prior work in our group demonstrated improved 
relaxation resistance by alloying Au thin films with reactively 
sputtered V2O5 precipitates. An alternative could be co-sputtering 
more reactive base metals, such as Cu, with other elements that are 
immiscible. A Cu-Ta film would provide an economical option for 
increased relaxation resistance when reactive sputtering is not 
possible. A few Cu-Ta thin films were made in this work, and TEM 
analysis showed interesting phase separation behavior between the Cu 
and Ta species at different sputtering temperatures. However, during 
low temperature bulge testing, the microstructure proved unstable as 
the films showed visible evidence of diffusion or rearrangement on the 
surface. Further work on understanding this phenomenon might lead to 
practical manufacturing solutions for common MEMS device 
materials. 
6. Most sputtered films form columnar grains with (111)-orientation. 
This was true for this work, except for the single crystal Ag film, 
which was grown epitaxially on a (100) surface. The dislocation-based 
relaxation mechanism proposed in this work is the bowing and 
unbowing of dislocations over the Peierls barrier. In FCC metals, this 
only occurs on the {111} slip planes in <110> directions. Other 
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textures could reduce the resolved shear stress on the {111} planes, 
thereby reducing the driving force for relaxation. 
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